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Abstract

The performance and durability of gas turbine engine components operating in high-temperature
environments critically depend on the effectiveness of protective coatings. Among these, platinum-
modified aluminide coatings are widely employed as bond coats in thermal barrier coating (TBC)
systems applied to Ni-based superalloys. Pt-aluminide coatings protect the underlying layers from
oxidation through the formation of a stable and adherent a-Al.Os scale during high-temperature
exposure. Platinum modification is achieved by depositing a Pt layer on the base superalloy prior to
aluminizing, and electroplating is currently the only industrial method used for this purpose.
However, this technique has several limitations, primarily related to the edge effect of the electric
field: the formation of coating with non-uniform thickness on complex geometries, the complexity of
the required apparatus and the need for custom-designed anodes for each component to be coated.
Difficulties in controlling the Pt deposition process often lead to microstructural non-uniformities in
the resulting aluminide, with formation of brittle phases where excess platinum accumulates, and
hindered control over degradation phenomena related to thermodynamic imbalance and diffusion
processes.

This thesis addresses the above issues by developing and optimizing a Pt deposition method based on
electroless plating, and by exploring the potential of innovative microstructural modifications aimed
at improving the performance of Pt-aluminide coatings. The work is divided into five main research
phases: (i) the design of a new electroless Pt deposition process and (ii) its validation for the
production of platinum-modified aluminides, (iii) the optimization of an aluminizing procedure via
slurry aluminizing, (iv) the microstructural tailoring via the introduction of an electroless Ni
interlayer, and (v) the preliminary development of nanocomposite Pt-aluminide coatings reinforced
with a-Al2Os nanoparticles.

Extensive coating characterization was carried out throughout the study, using scanning electron
microscopy (SEM), energy-dispersive X-ray spectroscopy (EDS), X-ray diffraction (XRD),
quantitative image analysis, grain size measurement, and oxidation kinetics modeling. Oxidation
behavior was assessed through mass gain measurements and interpreted using the Monceau parabolic
rate model, which provided insights into oxide growth kinetics. Structural parameters such as grain
size and nanoparticle distribution were correlated with performance to establish structure—property
relationships.

The first part of the thesis focuses on the formulation and validation of a new electroless Pt plating
solution, specifically developed for the production of aluminide coatings for high-temperature

applications. A completely novel bath formulation was designed and optimized for stability,



deposition rate, and Pt film quality. The process showed excellent flexibility for deposition on Ni-
based superalloys with varying chemical compositions, ensuring uniform Pt layers even on complex
geometries, and overcoming typical current-density-related issues found in electrolytic processes.
The resulting coatings exhibited high purity, controlled thickness, and a nanocrystalline structure
suitable for subsequent diffusion treatments. Moreover, the bath formulation ensured high deposition
repeatability, platinum consumption comparable to commercial electrolytic solutions, supported bath
regeneration via metal turnover, and, most importantly, eliminated the need for an anode, thereby
simplifying equipment and increasing industrial flexibility.

In the second phase, coatings obtained via electroless deposition were compared to those produced
through conventional electroplating, both in the as-deposited state and after aluminizing. The Pt layers
obtained by electroless and electrolytic techniques exhibited comparable morphology, composition,
and microstructure; however, the electroless coatings showed significantly better thickness
uniformity. After aluminizing, the coatings showed similar phase composition, primarily {-PtAl> and
B-(Ni,Pt)Al, but electroless coatings demonstrated greater microstructural uniformity, lower porosity,
and slightly superior oxidation resistance. These results confirmed electroless deposition as a valid
industrial alternative to electroplating, offering both performance benefits and process simplification.
The third phase involved systematic optimization of the aluminizing step, aimed at controlling
aluminum distribution along coating thickness and improving microstructural control. By varying
slurry thickness and concentration, aluminum availability during diffusion was modulated, resulting
in coatings composed entirely of the B-NiAl phase throughout the thickness. The optimized process
was also validated for the production of Pt-aluminides, confirming its versatility for both standard
and modified coatings. The effect of the initial Pt layer thickness, ranging from 4.5 to 12 um, was
also studied. Thicker Pt layers favored the formation of an outer (-PtAl. phase and led to increased
total coating thickness. Although thicker Pt layers provided improved oxidation resistance, a 7 pm Pt
thickness was identified as the best compromise between performance and Pt consumption,
supporting the design of more cost-effective and efficient coatings.

In the fourth part, an electroless Ni interlayer was introduced after the Pt layer, aiming to modify
diffusion dynamics. The microstructural changes and oxidation resistance were studied for Ni layers
of 5, 10, 20, and 40 pm thickness. As Ni thickness increased, a progressive suppression of brittle Pt-
rich phases in the outer region was observed, along with stabilization of the B-NiAl phase, reduction
of the IDZ thickness, and decreased precipitation of TCP phases (topologically close-packed), which
are detrimental to mechanical resistance. However, for Ni layers exceeding 10 um, the reduced

availability of Pt near the external interface led to lower oxidation resistance. As such, the 10 um Ni



interlayer was selected as the optimal configuration, offering the best compromise between
microstructural integrity and oxidation performance.

The fifth and final phase involved the preliminary development of Pt-aluminide nanocomposite
coatings, fabricated via co-deposition of a-Al-Os nanoparticles within the electroless Pt layer. The
best results in terms of maximum particle incorporation and minimal agglomeration were achieved
with 0.5 g/L of a-AL:Os in the plating bath. After aluminizing, the nanoparticles remained localized
in the outermost coating region, ideally positioned to serve as epitaxial nucleation sites for a-Al.Os
scale formation during oxidation. The particles also induced grain size refinement via Zener pinning
mechanism. Preliminary oxidation tests at 1100 °C for 500 hours showed slower oxidation kinetics
for nanocomposite coatings, with better protection particularly during the transient oxidation stage.
This suggests a faster transformation to a-Al:Os, enabled by the synergistic action of the epitaxial
template effect of the particles and the enhanced Al diffusion in the fine-grained matrix, ultimately
confirming improved protective behavior of nanocomposites compared to standard coatings.

In conclusion, this work represents a significant advancement in the practical application of platinum-
modified aluminide coatings, proposing a simpler, more controllable, and scalable Pt deposition
method, while also offering new pathways for microstructural and compositional improvements. The
outcomes of this research may have direct implications for the development of gas turbine and aero-
engine components, where coating reliability and oxidation resistance are critical to improve

performance and durability.



1. Gas Turbine Systems

Turbomachines are devices that convert the total energy of a working fluid into mechanical energy
and vice versa [1]. They are broadly categorized into two types: power-generating devices, such as
turbines, and power-consuming devices that alter the total pressure of a working fluid, such as
compressors and pumps.

Gas turbine systems are engines that convert the total energy of a working fluid (typically air) into
either mechanical energy for power generation or kinetic energy for propulsion. The history of gas
turbines dates back to 1791, when John Barber patented an early concept. However, it was not until
the early 20th century that the first operational gas turbine capable of producing surplus net power
was developed [2].

The components of gas turbine systems endure extreme dynamic and thermomechanical stresses.
They must withstand thousands of hours of operation at high temperatures in highly oxidizing and
corrosive environments without losing mechanical integrity. Therefore, components in the most
demanding areas of the engine require meticulous design to minimize degradation and maximize
efficiency.

Global energy demand has been on a consistent upward trajectory, with consumers worldwide
spending nearly $10 trillion on energy in 2022, averaging more than $1,200 per person [3]. In parallel,
the aviation sector has experienced remarkable growth. According to the International Air Transport
Association (IATA), air transport passenger traffic has more than doubled from 2021 to 2025, and
forecasts indicate it will exceed 10 billion passengers annually by 2050 [4]. This escalation
underscores the imperative to mitigate emissions, with technological innovation playing a pivotal
role. The aviation industry has committed to achieving net-zero carbon emissions by 2050, aligning
with the Paris Agreement's 1.5°C goal. This commitment is supported by enhanced efficiency
measures, energy transition, and innovation across the sector, in collaboration with governments
worldwide.

Turbomachines are central to this technological advancement. Their meticulous design and
incorporation of new technologies is essential to improve service life of components, reduce cost and
overall environmental impact, aligning with the broader goal of reducing emissions and achieving

sustainability in the face of escalating global energy demands.



1.1 Principle of operation and basic thermodynamics

A simple gas turbine engine consists of three main components: the compressor, the combustion
chamber, and the turbine. Air is drawn in through a dynamic intake and directed toward the
compressor, where it is slowed down and compressed, increasing its pressure. The high-pressure air
then enters the combustion chamber, where fuel is injected and ignited, supplying additional energy.
The resulting hot gases are then expanded through the turbine, converting thermal energy into
mechanical work to drive the compressor and, if applicable, an external load.

Due to the added energy from combustion, the exhaust pressure at the turbine exit remains higher
than ambient pressure. In the case of a jet engine, the flow can be accelerated through a nozzle,
producing a high-velocity jet stream that generates thrust for propulsion.

The ideal thermodynamic cycle for a simple gas turbine engine is the Joule-Brayton cycle, illustrated

in Figure 1.1.
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Figure 1.1: Schematic representation of the Joule-Brayton cycle.
To analyze cycle performance, the following idealized assumptions are made:
I.  Compression and expansion processes are reversible and adiabatic (i.e., isentropic);
II.  Kinetic energy variations between the inlet and outlet of each component are negligible;
III.  No pressure losses occur in ducts or the combustion chamber;
IV.  The working fluid behaves as a perfect gas with constant specific heats (internal energy and
enthalpy depend only on temperature);
V.  The fluid composition remains unchanged throughout the cycle, meaning fuel injection and
combustion effects on mass flow are negligible:
Based on assumptions (IV) and (V), the combustion chamber can be modeled as a heat exchanger
with an external heat source.

Applying the steady-flow energy equation per unit mass:



1
Q= (hout - hin) + E(vgut - vizn) + W (1. 1)

where O and W are the heat and work transfers per unit mass, respectively, and v, and v are inlet
and outlet velocities. Neglecting kinetic energy changes per assumption (II), the work and heat

transfer equations for each component (with subscripts referring to Figure 1.1) become:

Wiz = —(h, —hy) = _Cp(TZ -Ty) (1.2)
Q23 = (h3 —hy) = Cp(T3 —T) (1.3)
Wiy = (hs — hy) = Cp(T3 —T) (1. 4)

where ¢, is the specific heat at constant pressure. The thermal efficiency 74 is defined as the ratio of
net work output to the heat supplied by fuel:
Wnet _ Cp (T3 - T4)_Cp (TZ - Tl)

Nep = = 1.5
" Qas &5~ 1) (2
Using the isentropic temperature-pressure relations:
y-1
T, =T, (&) 14 (1.6)
P1
y-1
T, =T, (&) ’ (1.7)
P3

Where v is the isentropic index, defined as c¢,/c,, which equals 1.4 for air. Since heat addition occurs

at constant pressure (processes 2-3 and 4-1), the pressure ratio § remains constant:

P2 D4
p=—=— 1.8
P1 D3 (1-8)
Substituting these relations into equation (1.5), the thermal efficiency can be expressed as:
T. Y
nth=1—T—1=1—ﬁ(V‘1) (1.9)

2

This shows that efficiency depends only on the pressure ratio and the properties of the working gas.
However, the specific work output Whet, which determines propulsion performance, is influenced by
the maximum cycle temperature T3 (often referred as the turbine inlet temperature, TIT). Indeed,

Figure 1.2 shows the effect of compression ratio and turbine inlet temperature on thermal efficiency.
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Figure 1.2: Effect of compression ratio and turbine inlet temperature on thermal efficiency [5].

Although increasing fuel input theoretically improves overall efficiency, there is a limit to fuel
addition for a given air mass flow. The maximum fuel-to-air ratio is constrained by the thermal limits
of turbine blades, as excessive temperatures can lead to material degradation due to creep and
oxidation.

The gas turbine cycle described above is termed a simple cycle. However, more advanced complex
cycles incorporate additional components to improve efficiency and performance: intercoolers reduce
compression power requirements; reheaters enhance turbine work output; heat exchangers lower heat
input by utilizing exhaust heat recovery. Although these enhancements were explored early in gas
turbine development, modern aviation primarily relies on simple cycles due to the significant

efficiency improvements achieved in compressors, turbines, and combustion systems.

1.2 Turbine blades
Gas turbine engines must operate reliably under extreme conditions, where temperature and pressure
fluctuate significantly across different engine sections. Figure 1.3 illustrates the temperature rise and
pressure distribution throughout the engine. Both curves peak as the gas exits the combustion
chamber, where temperatures can reach 1400—-1500 °Cand pressures approach 40 atm [6]. Turbine
blades, placed just outside the combustion chamber and rotating at high speeds under intense
thermomechanical loads, are directly exposed to this hot, high-pressure jet. As a result, they
experience multiple degradation mechanisms, making them among the most critical components of

the engine.
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Figure 1.3: Temperature and pressure distribution across the turbofan engine [7].

The most extreme operating conditions occur at the inlet of the high-pressure turbine (HPT), where
high-temperature, high-pressure, and high-energy gases exiting the combustion chamber are directed
toward the first-stage HPT blades. These blades endure not only intense thermal and mechanical loads
but also turbulent flow, dynamic stresses from centrifugal forces, and rapid thermal transients during
loading/unloading or flight cycles [8].

The efficiency and overall performance of a jet engine depend heavily on the HPT inlet temperature,
making the temperature resistance of turbine blades a crucial factor. Consequently, HPT blades are
considered the most critical components of the engine. Their material selection is dictated by the need
for high mechanical strength and thermal resistance to enable higher operational temperatures and
increased thrust.

Turbine blades are subjected to multiple degradation mechanisms, including low-cycle fatigue (LCF),
high-cycle fatigue (HCF), thermal fatigue, and creep damage due to prolonged exposure to extreme
conditions. Additionally, they are subjected to high temperature oxidation and face severe
environmental attacks as the hot combustion gases contain contaminants such as sulfates and
chlorides, leading to hot corrosion. Erosive particles present in both the combustion gases and
atmospheric air (especially during takeoff and landing) further accelerate material deterioration.
Notably, failures tend to occur in the blade regions experiencing the highest temperatures, usually at
the leading edge. Figure 1.3.3 illustrates the typical temperature distribution in a first-stage HPT blade
(with a cooling system) at a turbine inlet temperature of 1211 °C [9]. Given that gas temperatures
impacting the blade can exceed this value, the temperature distribution profile may exhibit even

higher peaks, although the general trend remains consistent.
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Figure 1.4: Temperature distribution for a high-pressure turbine blade with a turbine inlet temperature of 1211 °C (adapted from /9]).
The extreme conditions in which turbine blades operate, combined with the increasing demand for
more powerful and efficient engines, necessitate materials that possess:

e High service temperature and creep resistance to endure prolonged exposure to extreme heat;

e Low thermal expansion coefficient to minimize strain and thermal stresses;

e High fracture toughness to resist crack initiation and propagation;

e Low density to reduce both engine weight and power losses in driving the compressor;

e High fatigue strength (both mechanical and thermal) to withstand repeated loading cycles;

e High Young’s modulus and yield strength to endure tensile and bending stresses;

e High natural frequency to avoid resonance under high rotational speeds and centrifugal forces;

e Resistance to oxidation, hot corrosion, and erosion to enhance durability.
In reality, no single material can simultaneously fulfill all these requirements. Thus, turbine blades
rely on advanced material systems, where a strong substrate works in synergy with a protective
surface coating. This combined approach ensures thermo-mechanical integrity, enhances engine

efficiency, and prolongs component lifespan under extreme conditions.

1.3 Substrate material — Nickel-based superalloys

Gas turbine applications demand structural materials that can withstand extreme temperatures, high
mechanical stresses, rapid thermal transients, and multiple degradation phenomena, as outlined in
previous sections. To meet these stringent requirements, nickel-based and cobalt-based superalloys
are the most widely used materials in the hottest sections of gas turbine engines.

Nickel-based superalloys are characterized by exceptional strength, creep resistance, and oxidation
resistance across the operational temperature range. Their superior mechanical and thermal properties
make them more effective than iron or titanium-based superalloys in sustaining performance under

harsh conditions [10].
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Nickel-based superalloys possess a fully austenitic face-centered cubic (FCC) structure (y phase),
which provides excellent tensile strength, creep resistance, and high-temperature durability.
However, pure nickel alone does not meet the required standards for thermo-mechanical strength and
oxidation resistance. To enhance its performance, modern nickel-based superalloys have evolved into
complex multi-element systems, where various alloying elements contribute to an optimized
microstructure tailored for prolonged service life under extreme conditions. These alloys are carefully
engineered to contain specific phases that enhance material properties. For instance, the addition of
aluminum and/or titanium leads to the formation of the y' (gamma prime) phase, a key strengthening
phase that is coherent with the matrix (with lattice that only differs by 0.5% from y phase). In this
structure, nickel atoms occupy face-centered positions, while aluminum atoms are positioned at the
corners of the unit cell, as shown in Figure 1.5. This ordered arrangement significantly improves
high-temperature strength and creep resistance, making it a crucial feature of high-performance

turbine materials [11].

Figure 1.5: (a) FCC nickel crystal structure; (b) ordered FCC crystal structure of y' phase (®: Nickel atoms shared with the adjacent
cell; o: Aluminum atoms shared with eight cubes at each corner).

In more detail, superalloys primarily consist of an austenitic face-centered cubic (FCC) matrix phase
(v), along with various secondary phases (typically based on intermetallic compounds) that
significantly enhance material performance. These secondary phases play a crucial role in
strengthening the alloy and improving its resistance to high-temperature degradation. The most
valuable secondary phases affecting superalloy properties include carbides, y' (gamma prime), and y"
(gamma double prime) [11-13]:

e Carbides (e.g., MC, MsC, Ma23Cs, with M-Cs being rare): these stable compounds contribute
to matrix strengthening by impeding grain boundary sliding and dislocation movement. The
primary MC-forming elements are titanium, tantalum, niobium, and hafnium, while
molybdenum and tungsten can also participate. In alloys with high chromium content, Cr2:Cs
carbide formation further enhances grain boundary strength, while also contributing to the
formation of a protective Cr20s oxide scale for oxidation resistance;

e 7' (gamma prime) phase, Nis(Al,Ti): The dominant precipitation-strengthening phase in

nickel-based superalloys. Its nominal composition is NisAl, but up to 65% of aluminum can
14



be substituted by titanium, leading to the general formula Nis(Al,Ti). Additionally, niobium
and tantalum can partially replace aluminum, forming metastable y' variants. Titanium
enhances mechanical strength and hot corrosion resistance, while aluminum improves
oxidation resistance by promoting the formation of a stable Al.Os protective layer at high
temperatures.

e y" (gamma double prime) phase, NisNb: A body-centered tetragonal (BCT) ordered structure
that precipitates as small coherent platelets in alloys containing more than 4% niobium,
significantly contributing to precipitation hardening.

The development of cobalt-rich or cobalt-based superalloys has recently garnered significant interest
due to cobalt's influence on the solubility of alloying elements in the y matrix. This leads to an
increased y' volume fraction, as well as the stabilization of MC-type carbides and the sigma phase.
These alloys are primarily designed to enhance high-temperature strength through solid-solution
strengthening and carbide reinforcement. Additionally, their formulation focuses on improving both
oxidation resistance and hot corrosion resistance in extreme operating environments.

Figure 1.6 provides an overview of the key alloying elements in nickel-based superalloys,
highlighting their primary strengthening functions, along with potentially detrimental tramp elements.
The height of the element blocks represents the relative amounts that may be present.

Precipitation
Precipitate modification

AR

Grain-boundary Solid-solution
strengthening strengthening

Figure 1.6: Alloying elements used in Ni-base superalloys. Beneficial minor elements are marked with crosshatch, while detrimental
tramp elements are marked with horizontal line hatch.

The incorporation of rhenium (Re) and other refractory elements, such as tungsten (W) and
molybdenum (Mo), has significantly contributed to the advancement of multiple generations of
superalloys by enhancing solid solution strengthening, thereby improving high-temperature
performance [14,15]. However, these additions can also lead to the formation of topologically close-
packed (TCP) phases, which can degrade mechanical properties when exposed to extreme thermal

conditions. To address this issue, the addition of platinum group metals (PGMs), particularly
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ruthenium (Ru), has become crucial in the development of next-generation superalloys. Ruthenium
plays a key role in further improving phase stability, helping to mitigate the formation of detrimental
TCP phases while maintaining the material’s high-temperature strength and durability [16,17].

The microstructure and properties of superalloys are influenced not only by their chemical
composition, but also by the processing methods used in their manufacturing. Three key
microstructural factors, which are grain size, shape, and orientation, play a crucial role in determining
the mechanical and physical properties of these alloys. Enhancing the high-temperature performance
of superalloys requires minimizing grain boundary weaknesses, particularly by eliminating
boundaries that are oriented perpendicular to the applied stress. Directionally solidified alloys,
whether in the form of columnar grains (CGDS) or single crystals (SCDS), exhibit superior thermal
fatigue resistance and creep behavior compared to conventionally cast polycrystalline (PC) materials
[11]. Specifically, columnar and single-crystal structures significantly delay the onset of tertiary creep
due to the alignment or complete removal of grain boundaries. Additionally, controlling the
solidification direction to align with lower Young’s modulus axes effectively reduces thermal stresses
within the component, further enhancing its fatigue resistance. A representative comparison of high
temperature properties of superalloys as a function of their microstructure (PC, CGDS or SCDS) is
reported in Figure 1.7.
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Figure 1.7: Comparison of high temperature properties for PC, CGDS and SCDS cast nickel-based superalloys: (a) creep behavior;
(b) thermal fatigue resistance.
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2. Degradation phenomena

The high temperatures and harsh operating conditions experienced by turbine blades lead to various
degradation phenomena that significantly impact the durability, efficiency, and reliability of the entire
propulsion system [18]. Among these, the most detrimental mechanisms include creep (particularly
affecting the early turbine stages) along with high-temperature oxidation, hot corrosion and erosion
[19]. Each of these degradation processes can severely compromise the structural integrity and
operational performance of turbine components, posing major challenges to material selection and

service life of the entire system.

2.1 The mechanism of creep and its stages
Creep is a time-dependent plastic deformation mechanism that occurs when a material is subjected to
prolonged exposure to high stress levels that remain below its yield strength. This deformation
progresses over time under a constant load and becomes more pronounced as materials are exposed
to elevated temperatures for extended periods. The tendency for creep increases as the material's
temperature approaches its melting point (Tn), typically becoming significant at approximately 0.4Tm
[20].
As illustrated in Figure 2.1, creep is generally evaluated by measuring deformation as a function of
time under a constant load at high temperatures (according to ASTM E139-11 [21]). The creep curve
is characterized by three distinct stages, each corresponding to a change in the strain rate over time.
At the onset of creep, the applied load induces an almost instantaneous elastic deformation. This
elastic strain is typically greater than what would be observed at room temperature due to the
reduction in the material’s Young’s modulus at high temperatures. However, the elastic response is
usually disregarded when analyzing creep behavior.
The first creep stage exhibits a relatively high strain rate that gradually decreases over time due to a
process analogous to work hardening at lower temperatures. As deformation continues, the strain rate
reaches a minimum and remains nearly constant in the second (or steady-state) stage, where a balance
between work hardening and recovery effects occurs. This phase is often the longest and is critical in
determining the material’s long-term creep resistance. In the third stage, the strain rate rapidly

increases due to microstructural instabilities, including the formation of defects such as cavities, grain
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boundary separations, and cracks. These defects lead to localized stress concentrations and a

reduction in the material’s load-bearing capacity. As damage accumulates, fracture eventually occurs
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Figure 2.1: Typical creep curve showing the three stages of creep in a constant load test (adapted from [20]).

The creep strain rate is typically described using the following empirical equation [22]:

Co™ _Q
=S o 2.1)

Where € is the strain rate, C is a material-dependent constant related to the specific creep mechanism,
o is the applied stress, m and b are exponents associated with the creep mechanism, Q is the activation
energy for creep, d is the average grain size, k is Boltzmann’s constant (8.31696 J-mol-K™") and T
is the absolute temperature. This equation highlights that creep is a thermally activated process,
strongly influenced by temperature and microstructural characteristics.

Creep behavior varies depending on temperature and stress conditions, leading to different underlying
microstructural mechanisms. Diffusion creep is dominated by atomic diffusion processes, while
dislocation creep (or power-law creep) is governed by dislocation movement. Dislocation glide
occurs when dislocations move through the crystal lattice but are hindered by obstacles such as
precipitates. Grain boundary sliding involves the relative motion of adjacent grains, which is
particularly significant in fine-grained materials. Understanding these creep mechanisms is crucial
for predicting material performance and designing high-temperature components with enhanced
durability [23-26].

Diffusion creep is the dominant deformation mechanism under high-temperature and low-stress
conditions. In this process, strain occurs through atomic diffusion, with grain boundaries acting as
sources and sinks for vacancies [26]. When a crystal experiences tensile stress, atoms along grain
boundaries perpendicular to the stress direction are pulled apart, whereas those along grain boundaries
parallel to the stress direction experience compression due to the Poisson effect, bringing them closer
together. This difference in atomic spacing generates a driving force for atomic diffusion from grain
boundaries aligned parallel to the stress direction toward those perpendicular to it, while vacancies

migrate in the opposite direction [27].
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Under applied stress, the variation in atomic volume alters the activation energy required for vacancy
formation by +6Q, where Q represents the atomic volume (positive in compressive regions and

negative in tensile regions) [28]. The fractional vacancy concentration follows an exponential

Qfton
kT

dependence, given by exp (. ) where Qris the vacancy formation energy. As a result, vacancy

concentrations are higher in tensile regions than in compressive regions, leading to a net vacancy flux
from tension to compression. This vacancy migration corresponds to atomic diffusion in the opposite
direction, driving creep deformation as grains elongate in the tensile axis and contract in the
compressive regime [29].

There are two primary mechanisms of diffusion creep, classified based on the role of grain size and
diffusion pathway. The first is Nabarro-Herring creep, in which diffusion occurs through the bulk of
the grains. This mechanism exhibits a weak dependence on stress and a moderate grain size influence,
with creep exponents m = 1 and b = 2 in equation (2.1). Under low stress, Nabarro-Herring creep
follows the relationship [30,31]

O'QDSd
=CEZRT

where 2s is the self-diffusion coefficient, which is strongly temperature-dependent.

é (2.2)

The second mechanism is Coble creep, where diffusion primarily occurs along grain boundaries. This
mechanism exhibits a stronger grain size dependence, with exponents m = 1 and b = 3 in equation
(2.1). It 1s particularly significant in fine-grained materials and follows the equation [32]:
aQ 6Dy,

=C
d3 kT
where Dgprepresents the grain boundary diffusion coefficient, and J'is the grain boundary thickness.

& (2.3)
Since grain boundary diffusion requires lower activation energy than bulk self-diffusion, Coble creep
1s more active at lower temperatures compared to Nabarro-Herring creep [33].

As diffusion creep progresses, grain shape evolves in response to applied stress. To maintain
structural coherence and prevent void formation, deformation must be accommodated through grain
boundary sliding [34]. If this mechanism is inhibited, such as during tertiary creep when strain rates
increase significantly, differential grain boundary sliding can lead to micro-void formation,
particularly at triple junctions between grains. These voids serve as nucleation sites for creep fracture,
reducing the material’s service life [35].

Dislocation creep, also known as power-law creep, dominates at high stress levels and is governed
by the movement of dislocations through glide and climb mechanisms. Dislocation glide facilitates
deformation, while dislocation climb, enabled by atomic diffusion, controls the overall rate of creep

[36]. The activation energy for this process is associated with self-diffusion, and the creep exponents
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typically range from m=4 to m=6, while the grain size dependence is negligible (b=0) [33]. Given its
strong stress dependence, dislocation creep follows a power-law relationship and can be expressed as

[34]:

£ = Came_% (2.4)
where @ is the activation energy for self-diffusion, k is Boltzmann’s constant, and T is the absolute
temperature. At even higher stress levels, where the applied stress approaches the material’s yield
strength, dislocation glide becomes the primary mechanism, and the role of climb becomes negligible
[37]. In this regime, strain rate increases sharply, leading to a transition from steady-state creep to a
more rapid deformation process, which can ultimately contribute to material failure.

The last creep mechanism is grain boundary sliding, which actually occurs together with all the
previously introduced mechanisms in order to prevent failure. This phenomenon occurs when grain
boundaries slide past each other, allowing for deformation without significant internal stress buildup
[38]. In metallic materials, grain boundary sliding helps maintain structural coherence during creep
deformation by preventing grain boundary separation, which could otherwise lead to premature
failure.

The Weertman-Ashby maps play a crucial role in the design of materials for high-temperature creep
applications, offering a comprehensive visualization of the dominant creep mechanisms as a function
of normalized stress and homologous temperature [39,40]. These maps are particularly valuable as
they allow for the incorporation of grain size as a key variable, given its significant influence on the
prevailing creep mechanism. By analyzing these maps, engineers can identify regions where
dislocation creep, diffusional creep, or grain boundary sliding dominate under specific temperature-
stress conditions and grain size distributions. Since each material has a unique Weertman-Ashby map,

these diagrams provide essential guidance for optimizing material performances.
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Figure 2.2: Weertman-Ashby map for nickel.
Nickel-based superalloys in single-crystal form lack grain boundaries, which enhances their
mechanical properties at elevated temperatures. With a high volume fraction of y'-strengthened
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phases, these alloys exhibit exceptional creep resistance and durability under extreme conditions. As
a result, they are widely utilized in the manufacturing of advanced turbine blades for gas turbine
engines [41]. These alloys consist of y and y' phases, which undergo coarsening during prolonged
high-temperature exposure and creep deformation. This process leads to the formation of a dislocation
network at the y'/y interface [42], which helps to mitigate mismatch stress at the phase boundary [43].
Additionally, this dislocation network acts as an obstacle to dislocation movement, effectively
reducing the creep rate and enhancing creep life [44]. Given these superior characteristics, this study

will employ single-crystal nickel-based superalloys as the substrate material.

2.2 High temperature oxidation
High-temperature oxidation refers to the chemical reaction between a metal or alloy and oxygen at
temperatures typically exceeding 500 °C [45]. This process is particularly significant in environments
like turbines, reactors, and industrial furnaces, where materials are exposed to extreme conditions.
The components of an alloy have varying affinities for oxygen and different diffusion rates in both
the oxide and the base alloy. This can lead to deviations from simple kinetic behavior, especially
when secondary elements diffuse into the oxide scale, altering its defect structure, or accumulate
beneath the scale as metals or oxides. Additionally, less noble metals may undergo internal oxidation
due to the diffusion of atomic oxygen into the alloy.
To better understand and predict oxidation behavior, Ellingham diagrams are commonly used. These
diagrams provide a thermodynamic analysis of oxidation reactions, illustrating the change in Gibbs
free energy (AQ) associated with the formation of oxides. The Gibbs free energy change is calculated
using the equation:

AG = AH —TAS (2.5)

Where 4H is the enthalpy change, 7T is the temperature in Kelvin, and 45 is the entropy change. For
a reaction to be spontaneous, 4G must be negative. If 4G equals zero, the system is at equilibrium,
and if AG is positive, the reaction is not thermodynamically favorable.
The change in Gibbs free energy for a generic chemical reaction of the form a4 + bB — ¢C + dD

can be expressed as:

Cc

d
AG = AG® + RTIn <aC“D> 2.6)

agap
Where AG? is the standard Gibbs free energy change, R is the gas constant, T is the temperature, and
o represents the activity of each species. For oxidation reactions, where a metal (M) reacts with
oxygen (O:) to form a metal oxide (MxO,), the change in Gibbs free energy simplifies to:

AG = AG® + RTIn(po,) (2.7)
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Where p0- is the partial pressure of oxygen. At equilibrium, AG equals zero, and this equation helps
predict the stability of metal oxides under various oxygen partial pressures.

Ellingham diagrams graphically represent this relationship, showing how AG changes with
temperature, allowing for the prediction of which reactions are more likely to occur [46]. Figure 2.3

presents an example of such a diagram.
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Figure 2.3: Ellingham diagram for the formation of oxides.

When an alloy oxidizes, the oxides of its components may either form a single-phase oxide solid
solution, or they may be immiscible, leading to a multiphase oxide scale. The oxidation behavior of
binary alloys typically depends on the composition. In alloys with a high concentration of one element
(A), oxidation primarily produces the oxide of that element (AO), which dominates the external oxide
scale. In alloys with higher concentrations of a less noble element (B), the oxide BO predominates.
In intermediate compositions, both AO and BO oxides can form, resulting in a more complex
oxidation behavior with the coexistence of both phases.

In some cases, the dominant oxide phase may dissolve small amounts of the other metal, modifying
the oxide's defect structure and affecting the oxide growth rate. This is particularly noticeable in alloys
where both components are oxidized. The reactions can be classified into two categories: Class I,
where only one component is predominantly oxidized, and Class II, where both components are
oxidized, forming more complex oxide structures.

In Class 1, if the minor element (B) oxidizes, it may occur internally, forming BO particles within the

more noble metal A, or externally, forming a BO oxide layer on the surface while depleting the
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underlying alloy of B. If the major element (B) oxidizes, the oxidation can result in the formation of
a dispersed metal A phase within the BO oxide scale, or an enrichment of metal A beneath the oxide
layer, as seen in Ni-Pt or Fe-Cr alloys, where Cr remains enriched below the oxide scale.

This analysis is crucial for understanding the stability and growth of oxide scales on alloys exposed
to high-temperature environments and provides valuable insight into the material's performance in
these extreme conditions.

In Class II oxidation, when both elements of an alloy oxidize, several outcomes can occur. One
possibility is the formation of compound oxides. In this case, the oxides AO and BO may react to
create a solid solution in the form of internal (A, B)O regions that are richer in B compared to the
surface oxide layer. Alternatively, a double oxide structure may form, typically with a spinel
structure, either as a complete surface layer with varying composition or as discrete particles
dispersed within an AO matrix.

Another outcome is the insolubility of the oxides. If the less noble metal (B) is present in a smaller
proportion, BO may form internally beneath a mixed surface layer of AO and BO. However, when
the less noble metal is more dominant, internal oxidation may be suppressed, and the AO oxide will
predominantly form the outer scale. Over time, internal oxide particles may merge, eventually
creating a continuous BO layer at the base of the oxide scale.

These oxidation behaviors depend on the relative concentrations of the alloy components and the

environmental conditions, which influence the stability and structure of the oxide scale.

2.2.1 Kinetics of oxide scale growth
To assess the growth and stability of oxide scales, cyclic or isothermal tests are commonly used,
where the material’s mass change is monitored over time. Thermogravimetric analysis (TGA) is a
widely employed technique that records in situ mass changes during isothermal exposure, providing
valuable insights into oxide growth kinetics. However, discontinuities in TGA curves introduce
complexities in determining growth behavior. For example, oxidation of pure chromium, reported in
Figure 2.4, often exhibits sudden mass gains, known as mass gain discontinuities, resulting from

localized oxide scale failures due to the release of growth stresses [47].
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Figure 2.4: Oxidation curves of pure chromium highlighting mass gain discontinuities originating from localized oxide scale failure
[47].

The kinetics of oxide scale formation can be described by a four-stage model. Initially, oxygen is
absorbed at the metal surface, leading to the formation of the first oxide layer. The efficiency of this
process depends on factors such as surface area, temperature, and oxygen partial pressure. As
oxidation continues, small clusters of oxide, or nuclei, form, serving as the foundation for further
growth. Lateral growth then occurs as these nuclei expand and merge, increasing the overall oxide
coverage. Finally, the oxide scale continues to thicken, forming a compact and protective layer whose
growth follows different kinetic laws based on environmental conditions [48,49].

Three primary kinetic models describe the relationship between oxide layer thickness and time: linear,

logarithmic, and parabolic (Figure 2.5) [50].
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Figure 2.5: Common kinetic laws for the rate of growth of an oxide layer [50].

In linear growth kinetics, the oxide thickness increases at a constant rate, represented by the equation:
d =kt (2.8)

where d is the oxide thickness, ki is the linear rate constant, and ¢ is time. This behavior is typically

observed when the diffusion of metal ions or oxygen remains steady and unimpeded.

Logarithmic growth kinetics describe cases where the oxide layer initially grows quickly but slows

down over time as it becomes more protective. This process follows the equation:
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d = kg log(t +ty) +A (2.9)
where kiog and A are constants at constant temperature. In this regime, the oxide layer initially grows
quickly but the rate of growth slows as time progresses. Logarithmic growth is often associated with
initial rapid oxidation, followed by a stabilization phase where the growth rate reduces. This behavior
can be due to changes in the oxide’s structure or changes in the diffusion rates of ions as the oxide
becomes more protective over time.

Parabolic growth kinetics occur when the oxidation rate decreases as the oxide thickens, characteristic
of metals forming dense, protective oxide films that limit further oxidation. This behavior follows the
equation:

d? = 2kpt (2.10)
where £, is the parabolic rate constant. This kinetic model is typical for metals that develop stable
oxide layers, preventing continued oxidation. The driving force to the transport of matter through the
scale is diffusion.

Despite the protective nature of oxide scales, they may fail due to mechanical and thermal stresses.
Detachment can occur when gaps form between the oxide layer and metal substrate due to differences
in thermal expansion. Internal or external stresses may lead to cracking, allowing corrosive agents to
penetrate and accelerate degradation. In some cases, excessive scale thickness or accumulated stress
results in spallation, where large portions of the oxide layer break away. Even after cracking or
spallation, oxidation may persist within damaged areas, producing more complex oxide structures
with reduced protective properties. If large-scale spallation exposes fresh metal surfaces, renewed
oxidation may initiate another growth cycle. Understanding these mechanisms is crucial for designing

oxidation-resistant materials with long-term stability in extreme environments.

2.2.2 Cabrera-Mott’s theory

The growth of oxide films is primarily governed by the movement of ions and electrons, driven by
concentration gradients and an electric potential. One of the most widely recognized models
describing this process is the Cabrera-Mott model [51]. According to this model, oxygen adsorption
on the oxide surface leads to the formation of surface states situated above the oxide valence band
and below the metal Fermi level. Electrons tunnel from the metal to these vacant surface states,
generating charges at the oxide interfaces and shifting the energy of these states up to the Fermi level.
This mechanism establishes a uniform electric field within the oxide film, which is mathematically
expressed as:

v
€71

2.11)
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where L represents the oxide film thickness and Vis the voltage across the film.
The oxide layer's growth is constrained by the activated jumps of metal ions at defect sites along the

metal-oxide interface. The rate of oxide film growth is given by:
dL qbyV
a - “Pkoexp (kaL>

where a is the distance between adjacent metal layers, and P is the fraction of metal atoms occupying

(2.12)

defect sites. For practical applications, this equation is often simplified to:

dL A
R — 2.13
vl ey

This formulation provides a more convenient approach to modeling oxide growth, particularly in

cases where experimental validation is required.

2.2.3 Wagner’s diffusion theory
Wagner’s diffusion theory provides a fundamental model for understanding the oxidation of metals,
particularly for thicker oxide layers where diffusion under a concentration gradient is the primary
transport mechanism [52]. This theory operates under key assumptions: the oxide layer is compact
and perfectly adherent, and the rate-controlling step is the migration of ions or electrons across the

scale. The flux of species (/) through the oxide layer follows Fick’s first law for steady-state diffusion:
ac

] = Da (2.14)

where D is the diffusion coefficient, and 0C/0x represents the concentration gradient of the diffusing
species across the oxide thickness. Given that thermodynamic equilibrium exists at each interface,
the concentration difference between the oxide-gas interface and the oxide-metal interface (AC)

remains constant. This allows the flux equation to be rewritten as:
1 dx D AC
CVdt x

where Vox 1s the molar volume of the oxide. By consolidating the constant quantities into the parabolic

(2.15)

rate constant (kp), the oxidation rate equation simplifies to:

% = kP% (2.16)
Integration of this equation leads to the well-known parabolic growth law, describing how oxide
thickness increases over time.
While Wagner’s model effectively describes oxidation in pure metals, alloy oxidation introduces
greater complexity due to variations in the oxygen affinities of different alloying elements. This

difference is reflected in the varying free energies of oxide formation, as depicted in the Ellingham
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diagram. The oxidation of multi-phase alloys can result in the formation of ternary and higher-order
oxides, altering solubility, diffusivity, and ion mobility within the oxide scale. Additionally,
competitive oxidation between alloying elements influences the composition and growth kinetics of
the oxide layer.

Despite these complexities, alloy oxidation behavior can be manipulated to enhance oxidation
resistance. The formation of a protective passivation layer by certain alloying elements, such as
chromium or aluminum, can significantly improve oxidation resistance. Furthermore, the
introduction of intermediate compounds can reduce the free energy of oxide formation, stabilizing
the protective oxide scale and further slowing oxidation rates. Understanding these principles allows

for the strategic design of oxidation-resistant alloys for high-temperature applications.

2.2.4 Monceau’s theory
Monceau’s theory of oxidation enhances the accuracy of thermogravimetric data analysis by fitting
weight gain measurements to a parabolic curve, ensuring a more reliable determination of oxidation
kinetics [53]. By applying this approach over short time intervals and extending it throughout the test
duration, an instantaneous parabolic rate constant can be obtained, minimizing the influence of
transient phases. Oxidation kinetics are generally parabolic, as they are governed by the diffusion of
reactive species through the oxide layer or the base metal. However, deviations from ideal parabolic
behavior can arise due to factors such as varying diffusion coefficients, heating modes, and surface
preparation. In alloy oxidation, a transient period typically precedes the establishment of steady-state

oxide growth. According to the Pilling-Bedworth model, oxidation kinetics follow the equation:

Am? = 2k (2.17)

p't
where Am represents the weight gain per unit area, and kp is the parabolic rate constant. Wagner’s
theory further clarifies that parabolic oxidation kinetics are primarily governed by lattice or
volumetric diffusion, meaning kp is directly related to the self-diffusion coefficients of cations or
anions within the oxide scale.

A key challenge arises when integrating the above equation, as the initial condition Am=0 at t=0

leads to:

gm_ ., _1 (2.18)
dt P 2Am
However, this assumption is unrealistic because oxidation may begin during the heating phase before

the target temperature is reached, leading to systematic errors. A more accurate approach considers
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that oxidation starts at an earlier time ¢; with an initial weight change Ami. Consequently, the equation

1s modified to:

gm ., L (2.19)
dt P 2(am — Amy)

where Am; accounts for the pre-existing oxide layer, which is often more protective than the newly
formed scale.

Beyond diffusion, surface reaction rates also play a role in oxidation kinetics. Therefore, oxidation
models must incorporate two rate equations, one for diffusion and another for surface reactions, each
with distinct rate constants. These equations allow for a more comprehensive analysis, particularly
when transient oxidation phases affect the overall kinetics.

Weight gain data over time can be fitted to a parabolic equation:

t = A+ BAm + CAm? (2.20)
where the quadratic coefficient C corresponds to the inverse of the true parabolic rate constant (kp).
This ensures an accurate determination of kp, independent of the oxidation mechanism or transient
phases. The coefficients B and A provide additional insight into linear oxidation kinetics (ki) and
transient phase characteristics.

The data fitting procedure can be applied to the entire test duration or to selected time intervals,
allowing for real-time observation of kinetic variations. Over short periods, the least squares method
is used to fit weight gain data to the parabolic model, and this process is repeated at regular intervals

to track changes over time.

2.3 Other degradation phenomena
Other degradation phenomena like hot corrosion, erosion and foreign object damage are very
common in gas turbine system environment. For completeness, these will be briefly described in the

following paragraphs even though they will not be directly discussed within the thesis work.

2.3.1 Hot corrosion
In many high-temperature applications of metals and alloys, the operating environment can be
significantly more corrosive than exposure to oxygen in air alone. Atmospheric or surface
contamination can accelerate material degradation, sometimes leading to catastrophic failure.
Gas turbines operate in particularly harsh conditions where combustion products from fossil fuels can
cause severe oxidation and corrosion. A particularly aggressive form of attack, known as hot

corrosion, occurs when a salt deposit, typically sodium sulfate, forms on the metal or oxide surface.
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When contaminants such as sulfates, chlorides, or vanadates are present in the environment, they
become incorporated into the sodium sulfate matrix at temperatures between 700 °C and 900 °C,
forming a thin film of molten salt. This film disrupts the protective oxide scale on the metal surface,
preventing its regeneration. As a result, a porous and non-protective oxide layer develops, allowing
aggressive species to penetrate the base metal, leading to accelerated material degradation [54].

In gas turbines, sulfur from fuel reacts with alkali metal chlorides, vanadium, or lead (introduced
from ingested air) at high temperatures to form sulfates. These sulfates then deposit on critical hot-
section components, such as first-stage turbine blades and nozzle guide vanes, intensifying corrosion.
Experimental studies have identified several corrosion mechanisms, influenced by factors such as the
amount of salt present, temperature, gas composition, and the base material properties. It has also
been observed that cyclic thermal exposure reduces the time required for hot corrosion to initiate,
further increasing the damage [54].

Hot corrosion occurs under two primary conditions [55,56]:

e High-Temperature Hot Corrosion (HTHC) or Type I — When the salt deposit is in a molten
state from the beginning, meaning corrosion occurs above the melting point of the salts;

o Low-Temperature Hot Corrosion (LTHC) or Type II — When a solid deposit transforms into
liquid during exposure, even if the temperature is below the salt's melting point (due to
eutectic formation).

As shown in Figure 2.6, Type I hot corrosion occurs within the 815-980 °C range, while Type II hot
corrosion occurs between 560-815 °C. At even higher temperatures, oxidation becomes the

predominant degradation mechanism.
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Figure 2.6: Hot corrosion diagram [57].

High-Temperature Hot Corrosion (HTHC, Type I) begins with the condensation of molten alkali
metal salts on the surface of components. This initiates a cycle of chemical reactions that first degrade
the protective oxide layer and subsequently deplete the substrate of its reactive elements, such as

chromium or aluminum. As these elements are consumed, the material loses its ability to form a
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protective scale, accelerating oxidation and leading to the development of a porous, non-protective
oxide layer. One of the primary contributors to HTHC is sodium sulfate (Na:SOs), which readily
forms during combustion in the presence of even trace amounts of sulfur. Na.SOa. is
thermodynamically stable in hot corrosion environments, making it a key facilitator of attack. It can
also react with other impurities found in fuel or the atmosphere (such as chlorides, vanadium, lead,
and magnesium sulfate) to form eutectic mixtures. These mixtures lower the melting point of the
deposit, expand the affected area, and further accelerate corrosion rates. As oxidation progresses
deeper into the substrate, the mechanical integrity of the component is compromised due to the loss
of structural material. If unchecked, the damage becomes catastrophic, inevitably leading to
component failure. Macroscopically, HTHC is often identified by severe metal peeling and distinctive
color changes. For instance, Figure 2.3.2 (a) depicts a first-stage turbine blade exhibiting a greenish
discoloration on both the pressure and suction sides, resulting from the formation of nickel oxide
(NiO) in the highly corroded regions. Microscopically, Type I hot corrosion is characterized by a
sulfidation and depletion zone beneath the porous, non-protective scale [58]. The reaction products
often contain oxide precipitates dispersed within the salt film, further indicating the severity of the
degradation process.

Low-Temperature Hot Corrosion (LTHC, or Type II) typically occurs below the melting point of
sodium sulfate (Na2SO4), meaning the deposit remains solid under normal conditions. However,
liquid phases can still form due to the reaction of base metal sulfates (e.g., NiSOs, CoSOs4, and
MgSO.4) with alkali metal sulfates, creating low-melting eutectic mixtures. These eutectics
significantly lower the melting point of the deposit, leading to localized hot corrosion even at
moderate temperatures. The formation of base metal sulfates requires a sufficiently high SOs partial
pressure, which increases with temperature. However, as the temperature continues to rise and enters
the HTHC range, the conditions for Type II corrosion become less favorable, and the attack
diminishes. In addition to metal sulfates, Na.SOa. also readily forms low-melting eutectics with
vanadium pentoxide (V20s), a common combustion byproduct in gas turbines. Vanadium, frequently
present as an impurity in fuels, reacts with oxygen during combustion, forming V:0s, which further
contributes to the accelerated degradation of turbine components [54].

Unlike HTHC (Type I), which typically results in widespread degradation, Type II hot corrosion is
highly localized, manifesting as pitting corrosion in specific areas where the necessary compositional
conditions exist. Additionally, microscopic sulfide formation and chromium depletion, characteristic
of HTHC, are not typically observed in LTHC [59].

Hot corrosion generally progresses through two distinct stages: the initiation stage and the

propagation stage [60].
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The initiation stage is the early phase of hot corrosion, during which the mechanical integrity of the
component remains largely unaffected. During this stage, the salt deposit reacts with reducing agents,
such as incomplete combustion products (Ri) or metals (M) within the alloy (R2), in oxidation
reactions that lower the local oxygen partial pressure and release sulfur, which can subsequently
contribute to the formation of sulfides:

NaSO, + Ry - Na,0 +3C0O0 + S (2.21)

NaSO,+ R, » Na,0 +3MO + S (2.22)
The reaction products initially act as a temporary protective barrier, shielding the alloy from direct
exposure to the corrosive salt deposit as long as they remain stable. However, simultaneous
degradation mechanisms are also at play, including: (i) depletion of protective elements (e.g.,
chromium or aluminum) from the alloy; (ii) incorporation of sulfur and other contaminants into the
substrate; (iii) dissolution of oxides into the salt layer; (iv) formation of cracks and channels in the
oxide scale. These processes gradually destabilize the protective barrier, eventually transitioning the
system into the propagation stage, where corrosion accelerates.
In the propagation stage, sulfides begin to form at the substrate-deposit interface and undergo further
oxidation:

Na,S0,+ MS - MO + Na,0 + 2§ (2.23)

Since sulfur is a strong oxidizing agent, its continuous oxidation generates more free sulfur, which
further reacts to form additional sulfides, creating a self-sustaining (autocatalytic) reaction.
However, reaction (2.23) is not the only possible pathway. In some cases, the sulfate deposit may not
react directly with the alloy surface but instead interact with pre-existing native oxide scales, further
complicating the corrosion process.
Hot corrosion is a highly complex process influenced by multiple factors. As the initiation stage ends,
the liquid deposit begins to penetrate the protective oxide scale, reaching areas with low oxygen
activity and an alloy substrate depleted of its protective elements. At this point, the corrosion rate
increases significantly, often to a level where continued operation is no longer viable, making it

necessary to remove the component from service to prevent catastrophic failure.

2.3.2 Erosion and erosion-corrosion at high temperature
In many industrial applications, metallic components are exposed to high-temperature gas streams
that often contain solid particles. Completely eliminating these particles is nearly impossible in real-
world systems. Examples such as gas turbines, oil refining units, reformers, and power plants

commonly involve gas flows with entrained solids [61].
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At room temperature, ductile metals erode through plastic deformation, cutting, plowing, and fatigue.
Some of these mechanisms, like cutting, can result from a single particle impact, while others, such
as fatigue, require repeated impacts. Brittle materials, by contrast, erode through the formation and
propagation of interconnected cracks. At elevated temperatures, most metals remain ductile, while
the oxide scales they develop may be ductile (e.g., wiistite, nickel oxide) or brittle (e.g., alumina,
chromia). Depending on the oxide’s properties and the conditions, the scale may deform plastically
or fracture and spall under particle impact [62].

The erosion behavior of ductile and brittle materials also differs with respect to the impact angle of
incoming particles. Brittle materials exhibit maximum erosion rates at normal incidence (90°), as
shown in Figure 2.7(a). Ductile materials, on the other hand, experience peak erosion at oblique
angles (25-30°), with reduced erosion at higher angles (Figure 2.7(b)). This behavior is attributed to
work hardening and material removal mechanisms like fatigue at normal impact, and plowing at low
angles. Notably, even brittle materials may exhibit ductility under specific conditions, such as impact
by very fine particles; this can be relevant for high-temperature oxides that sometimes display ductile

characteristics during erosion.

(a) (b)

Erosion rate
Erosion rate

0 0 — ° 90
Angle of incidence(°) % Angle of incidence (°)

Figure 2.7: Schematic representation of the erosion rate as a function of the angle of incident for ductile (a) and brittle (b) materials
[61].

While erosion alone can reduce the lifespan of components, the combined effects of erosion and
oxidation in oxidizing atmospheres are significantly more damaging due to their strong synergistic
interaction.

In the case of pure metals, hot erosion—corrosion can be seen as the interplay of two opposing
processes: oxidation, which forms a protective surface film that slows further reaction, and erosion,
which strips away this film and the underlying material. When both occur simultaneously, erosion
hinders or prevents the buildup of a protective oxide, allowing oxidation to proceed rapidly. As
erosion continues to remove the oxide film, oxidation accelerates, leading to a self-sustaining cycle

of rapid degradation. The severity of this process depends on the oxide type and growth rate: faster-
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growing scales require more intense erosion to be fully removed. If oxidation is suppressed (for
example, by testing in an inert atmosphere or at room temperature) the degradation rate drops sharply.
The interaction between erosion and oxidation is typically categorized into two regimes:

— Regime 1: Erosion-enhanced oxidation: in this regime, erosion is relatively mild and only
thins the oxide layer without reaching the metal substrate. This occurs when oxide growth is
fast enough to replace the eroded scale. The surface remains mostly flat with features from
particle cutting. A steady-state scale thickness may be reached when the growth and removal

rates balance. The thinner scale enhances oxidation by offering less resistance to diffusion.

— Regime 2: Dominant erosion: erosion is more aggressive, and oxide growth is relatively slow.
The protective scale is continuously removed, and particle impacts deform the metal substrate,
creating ripples, valleys, and peaks depending on the impact angle. This regime exposes the
substrate to continuous oxidation and mechanical damage. For a given material, increasing
erosion intensity or switching to a slower-scaling metal can shift the system from Regime 1
to Regime 2.

The temperature dependence of erosion—corrosion typically follows a bell-shaped curve, as shown in
Figure 2.8. At low temperatures, oxidation is sluggish, and degradation is erosion-dominated. As
temperature rises, oxidation becomes more significant, increasing the overall degradation rate. The
peak occurs when oxide growth becomes fast enough that erosion can no longer completely remove
the scale, marking the transition from Regime 2 to Regime 1. At higher temperatures, the oxide scale
thickens, and both the metal and oxide may become more ductile, absorbing more impact energy
through deformation. This reduces material loss from erosion and increases weight gain from
oxidation, causing the degradation rate to decline. Additionally, increasing erosive intensity shifts the
bell curve to higher temperatures and can push the system back into Regime 2 at temperatures where

it would otherwise remain in Regime 1.
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Figure 2.8: Temperature dependence of erosion-corrosion for different erosion intensities (v) [61].

Erosion—corrosion of alloys is generally similar to that of pure metals but presents additional
complexities: (1) multiple oxides may form; (ii) initially formed oxides might be removed, leading to
the formation of different oxides; (iii) concentration gradients can develop within the alloy; (iv) alloys
are typically stronger than pure metals, potentially leading to smaller deformation zones and less
energy absorption.

In summary, erosion—corrosion at high temperatures is a complex, synergistic phenomenon driven by
the interaction between mechanical and chemical degradation. Understanding how factors like
temperature, impact angle, oxide properties, and erosion intensity influence this process is critical for
predicting material performance and designing components that can withstand harsh, particle-laden,

high-temperature environments.
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3. Protective coatings — Thermal Barrier Coatings (TBCs)

The ongoing pursuit of higher performance in gas turbine engines has driven the evolution of systems
capable of operating under increasingly extreme conditions. Enhancing overall efficiency is often
directly associated with raising the turbine inlet temperature. As a result, there is a critical need for
materials that can endure prolonged exposure to severe thermomechanical and dynamic stresses in
highly oxidizing and corrosive environments [63,64].

The development of advanced single crystal superalloys has significantly improved the mechanical
performance of first-stage turbine blades [11]. However, meeting the extreme demands of high-
temperature gas turbine environments requires more than the inherent properties of a single structural
material. Since the late 1980s, extensive research has highlighted the necessity of applying protective
surface coatings to base superalloys to guarantee resistance against degradation mechanisms such as
oxidation, hot corrosion, and erosion [65,66].

One of the most effective and widely employed solutions is the use of Thermal Barrier Coatings
(TBCs), which are multi-layer systems designed to thermally insulate and protect the underlying
substrate. When combined with modern cooling technologies, TBCs enable operating temperatures
that exceed the melting point of the superalloy by 150-300 °C [67]. TBCs are nowadays one of most
employed systems to protect turbine blades for both aviation and land-based gas turbine engines
[68,69].

TBC systems are primarily composed of two key layers: a ceramic top coat with low thermal
conductivity, which reduces the temperature experienced by the metallic underlying layers improving
their durability, and a metallic bond coat enriched with aluminum [70].

The top coat in a typical TBC system is commonly composed of yttria-partially stabilized zirconia
(Y-PSZ or YSZ). This material is very popular due to its combination of desirable properties,
including low thermal conductivity, high chemical stability, a relatively high coefficient of thermal
expansion (CTE), and excellent resistance to thermal cycling. Its superior fracture toughness also
contributes to its ability to withstand thermal shock conditions [71,72]. The application of the YSZ
top coat is generally performed using electron beam physical vapor deposition (EB-PVD), air plasma
spraying (APS) or suspension plasma spray (SPS), each offering distinct microstructural
characteristics and performance advantages.

The bond coat is applied between the substrate and the ceramic top coat to protect the superalloy
substrate from oxidation and corrosion. Bond coats are generally classified into two main categories:
diffusion aluminides and MCrAlY overlays, where "M" represents nickel, cobalt, or a combination

of both. Diffusion aluminide coatings are typically produced by exposing the nickel-based superalloy
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to an aluminum-rich source, either in solid or gaseous form, at elevated temperatures. This can be
achieved through methods such as pack cementation or slurry aluminizing. During the process,
aluminum atoms diffuse into the surface of the substrate and form an intermetallic layer primarily
composed of the -NiAl phase, which offers effective resistance to oxidation and corrosion [73].

In contrast, MCrAlY coatings are generated using pre-alloyed powders containing approximately 18—
22% chromium, 8-12% aluminum, and a small addition of yttrium (typically 0.2-0.5%). These
powders are applied to the substrate through thermal spray techniques, such as plasma spraying or
high-velocity oxygen fuel (HVOF) spraying [74,75]. MCrAlY coatings consist of a B-NiAl phase in
a y-Ni matrix and are enriched with additional elements to provide superior oxidation and corrosion
resistance while maintaining good mechanical properties [76]. Despite their different application
methods and microstructures, both types of coatings are rich in aluminum. This high aluminum
content enables the formation of a stable and slow-growing a-alumina (a-AlOs) scale, often referred
to as the thermally grown oxide (TGO), which serves as a diffusion barrier against further oxidative
degradation. Under mildly severe conditions, bond coats can also be applied alone without the
necessity of the ceramic top coat. While overlay coatings offer enhanced resistance to oxidation due
to their compositional flexibility, the chemistry of diffusion-based aluminide coatings is governed by
thermodynamic constraints, making their properties less tunable. Moreover, surface roughness of
thermally sprayed overlays can be adjusted to guarantee optimal adhesion to the ceramic top coat,
whether its manufacturing technique, while aluminides, characterized by a relatively flat morphology,
are applied preferentially under EB-PVD top coats [77]. Nonetheless, aluminide coatings are the most
widely adopted in industrial settings due to their relatively low cost and straightforward application

through pack cementation or slurry aluminizing processes.

3.1 Aluminide diffusion coatings

Aluminide coatings are extensively employed as bond coats in both the energy production and

aerospace sectors, to protect nickel-based superalloy components operating in the high-temperature

sections of gas turbine engines. These coatings provide effective protection against oxidation and hot

corrosion. At elevated temperatures, B-NiAl-based aluminide coatings promote the selective

oxidation of aluminum, resulting in the formation of a dense, adherent layer of a-alumina (a-Al2Os).

This protective oxide scale acts as a barrier to diffusion, significantly reducing further oxidation of

the underlying material.

NiAl-based aluminide coatings can be produced through a variety of techniques, including chemical

vapor deposition (CVD), pack cementation, hot dipping, and slurry aluminizing [78]. In both CVD
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and pack cementation methods, aluminum is transported in gaseous form from a metallic source, and
the coating forms through solid-state diffusion processes [79]. Depending on the aluminum activity
during deposition, these coatings are typically classified into two categories according to the process
temperature and chemical activity of the species involved in the process. High-activity processes
promote inward diffusion of aluminum, which initially leads to the formation of brittle, aluminum-
rich intermetallics; the obtainment of the desired B-NiAl phase is then achieved through subsequent
high-temperature annealing. Conversely, low-activity processes facilitate outward diffusion of nickel
from the substrate, allowing for the direct formation of a near-stoichiometric NiAl phase during the

coating process itself [80].

3.1.1 Microstructure of coatings

As previously mentioned, a classification for diffusion aluminide coatings on nickel-based
superalloys, based on the predominant diffusion mechanism involved in their growth, was proposed
by Goward and Boone [80]. in their foundational study. Indeed, the specific mechanism of coating
growth activated during the manufacturing process is primarily influenced by the chemical activity
of the aluminum source.

High-activity aluminide coatings are typically formed using a powder pack that contains pure
aluminum, which exhibits unit thermodynamic activity. The process is conducted at relatively low
temperatures, generally ranging from 700 °C to 900 °C [81]. In this setting, aluminum atoms diffuse
inward toward the substrate, leading to the formation of an aluminum-rich Ni2Als matrix. The coating
also contains dispersed precipitates of alloying elements, such as Ti, Co, Cr, Mo, Hf, W, and Nb, that
have diffused out from the superalloy substrate. In deeper regions of the coating, B-NiAl phases may
also form. Following this, an interdiffusion heat treatment at higher temperatures (1000—-1100 °C) is
typically applied. This treatment facilitates the outward diffusion of nickel and further inward
diffusion of aluminum, thereby transforming the Ni2Als phase into a hyperstoichiometric, aluminum-
rich B-NiAl This process also induces the formation of an interdiffusion zone (IDZ), characterized
by precipitates formed from the interaction of diffusing elements that cannot be fully incorporated
into the NiAl matrix. The typical microstructure of an inward grown aluminide, as documented in

[80], is presented in Figure 3.1.
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Figure 3.1: Typical microstructure of an inward grown diffusion aluminide after aluminizing and annealing at 1080 °C for 4h,
presented in [80].

In contrast, the low-activity aluminizing process utilizes an aluminum sources of reduced chemical
potential, typically binary Al-based alloys (e.g. alloying Al with Cr [82—84], Fe [85] or Ni [80]. Due
to the lower vapor pressure of aluminum halides generated in this system, higher processing
temperatures (usually between 1000 °C and 1150 °C) are required to sustain effective coating
formation. In this process, nickel from the substrate is the dominant diffusing species. As it diffuses
outward and reacts with aluminum at the surface, a coating layer composed of hypostoichiometric
(nickel-rich) B-NiAl forms. Alloying elements also migrate outward during the process and may
either remain in solid solution or precipitate within the B-NiAl matrix. The depletion of nickel just
below the surface gives rise to an IDZ, like in high activity process, although formed through different
kinetics and elemental pathways. Although inward diffusion of aluminum also occurs during HTLA
processing, its contribution is significantly less than that of nickel. The disparity in fluxes of Ni and
Al generates an imbalance in vacancy movement, which may lead to the formation of Kirkendall
voids. While such voids could potentially impair coating adhesion, they are typically minimized in
Ni-based superalloys due to interface-based vacancy annihilation mechanisms [81]. The typical
microstructure of an outward grown aluminide, prepared by [80] through a low activity process, is

shown in Figure 3.2.
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Figure 3.2: Typical microstructure of an outward grown diffusion aluminide, presented in [80].

3.1.2 Deposition techniques — Pack Cementation

Pack cementation is a widely adopted technique for applying aluminide coatings to nickel-based
superalloy components, especially in the energy and aerospace sectors. It can be considered as a CVD
process carried out in a reactor with the aid of a powder mixture (pack), in or near which the substrate
is immersed or suspended. The pack contains a source of the element to be deposited, a halide salt
that works as activator (e.g, AlF3, NaF, NH4F, AICl;, NaCl, NH4Cl.), used to facilitate the diffusion
of aluminum or other reactive elements onto the surface of the substrate, and an inert filler powder
(such as Al>O3, Si0; or SiC) [86].

Typically, the substrate is embedded in the powder mixture inside a sealed ceramic crucible,
commonly alumina. The assembly is then heated in a furnace (800—1100 °C) under an inert gas flow,
such as argon, to prevent unwanted oxidation [87].

There are two principal variants of this technique: standard pack cementation and above-the-pack (or
out-of-pack) cementation [88]. In the conventional approach, the component is fully buried in the
reactive powder mixture. During heat treatment, the halide salts react with the aluminum source to
form volatile aluminum halides, which diffuse through the inert medium to the substrate surface.
These vapors decompose or react at the substrate interface, depositing aluminum. In contrast, above-
the-pack cementation involves suspending the substrate above the powder bed, relying on the vapor-
phase diffusion of the aluminum halides to reach the surface without direct contact with the mixture.
In the latter, purity of the coating is controlled by diffusion of the reaction products outside the reactor,
and the risks of embedding particles inside the coating is avoided. Above the pack process is,

therefore, cleaner and more homogeneous. Both configurations are illustrated in Figure 3.3.
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Figure 3.3: Schematic representation of the apparatus used for pack cementation. Conventional (a) and above the pack (b)
configurations [87].

Standard pack formulations often consist of 2—3% activator, about 25% aluminum source, with the
balance being the inert constituent. The filler helps maintain powder separation, ensures uniform gas
diffusion, and prevents sintering of the mixture during high-temperature exposure.
Before processing, both the substrate and pack materials are thoroughly ground and blended. When
the mixture is heated, the activator reacts to produce an atmosphere of source element halide, which
diffuses in the pack and transfers the source element to the substrate on which the coating is formed
[89].
The process is governed by a series of chemical reactions, beginning with the formation of volatile
aluminum halides through interactions between the activator and the aluminum source. This reaction
can be summarized as:

Al +nBX, — AlX, + nB (3.1)
Here, B and X represent the metal cation and halogen anion, respectively. Depending on conditions,
different aluminum halide species (AlX, AIX:, AlXs) can form. The aluminum partial pressure,
influenced by source activity and temperature, drives vapor-phase transport toward the substrate.
Upon reaching the surface, aluminum is deposited through one of several reactions, including direct
reduction (3.2), disproportionation (3.3)(3.2), reaction with substrate (3.4) or hydrogen reduction, if
hydrogen is present (3.5) [87]:

AlXs — Al +3/2 Xo (3.2)
2AIX — Al + Xe (3.3)
AlXz + Ni — Al + NiXs (3.4)
AlXs +3/2 H. — Al + 3HX (3.5)

Once aluminum is deposited, it diffuses into the nickel-based alloy to form a B-NiAl intermetallic
layer. This layer plays a critical role in long-term protection, as it supports the formation of a stable
a-Al20Os (alumina) scale at high temperatures. This oxide layer acts as a barrier against oxidation and

corrosion, significantly improving the durability of the coated component.
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Pack cementation is a low cost and highly reproducible process, which guarantees the manufacturing
of highly uniform coatings with generally high deposition rates. The main limitation of the process is

given by the necessity of a relatively complicated apparatus and its poor flexibility.

3.1.3 Deposition techniques — Slurry aluminizing

Slurry aluminizing shares similarities with the pack cementation technique, but instead of using loose
powders, the metal source and halide activators are combined with an organic binder to create a slurry.
This slurry can be locally applied to components, offering benefits in terms of reduced processing
cost and simplified application. The method generally operates under high aluminum activity [90—
92]; however, using Al alloys (typically CrAl alloys) as the aluminum source can lower the activity
level [93]. Despite leading to the requirement of a post-aluminizing annealing step, resulting in longer
processing times, this adjustment allows chromium to diffuse into the coating during the
manufacturing process, which can enhance high-temperature resistance and overall performance [94].
The slurry aluminizing process comprises several key stages: (i) aluminum-containing vapors are
generated through the reaction between activator salts and the metallic aluminum source; (ii) these
vapors are transported to the surface of the Ni-based superalloy; (iii) aluminum reacts at the surface
to form nickel-aluminum intermetallic compounds; and (iv) solid-state diffusion proceeds, ultimately
yielding the desired NiAl phase.

Figure 3.2.3 illustrates the key steps involved in the slurry aluminizing process. The procedure begins
with the preparation of a slurry, which is a suspension of aluminum powder dispersed in an organic
binder. Common components of the binder include isoamyl acetate, diethyl oxalate, and
nitrocellulose. This slurry is uniformly applied, typically by spraying, onto a thoroughly cleaned and
polished surface of the component. Once the slurry has cured, the coated part is subjected to a high-
temperature heat treatment. This thermal process is usually carried out in an inert argon atmosphere
to prevent unwanted oxidation. The primary objective of this step is to promote the diffusion of
aluminum into the substrate, enabling the formation of a protective aluminide layer.
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Figure 3.4: Main stages of the slurry aluminizing process [95].

The quality and performance of the resulting aluminide coating are influenced by several key factors:
- Slurry composition: the proportion of aluminum powder and binder within the slurry directly
affects the coating’s final characteristics, including its thickness, homogeneity, and adhesion
to the substrate.
- Slurry layer thickness: the actual thickness of the applied slurry can significantly influence
coating morphology, as it determines the initial amount of aluminum available for diffusion.
- Heat treatment parameters: the temperature and duration of the heat treatment are critical for
ensuring sufficient aluminum diffusion into the substrate and for achieving the desired
intermetallic phases and coating integrity.
Even when slurry composition and heat treatment parameters are held constant, the microstructure of
aluminide coatings can vary significantly depending on the aluminum vapor concentration in the
reactor chamber and the initial slurry layer thickness. These variables influence the amount of
aluminum that reacts with the superalloy during the early stages of the process, thereby affecting the
resulting phase composition of the coating and, consequently, its oxidation resistance.
Given the simplicity of the process, with no special equipment required, and the flexibility of the
process, slurry aluminizing can be considered one of the most promising techniques for applying
protective coatings to components operating in high-temperature environments. Moreover, its ease of
application make slurry aluminizing particularly useful for the restoration of locally damaged parts

of the coating.

3.2 Thermally Grown Oxide (TGO)

The performance and service life of advanced thermal barrier coating (TBC) systems are strongly
influenced by the oxidation characteristics of the bond coat. Ideally, the bond coat should support the
formation of a dense, adherent, and slow-growing a-Al.Os oxide scale, which acts as a barrier against
further oxidation and degradation.

To successfully develop an a-Al:Os protective scale, the bond coat must contain a sufficient
aluminum concentration. This critical threshold is determined not only by the presence of other
alloying elements but also by the environmental and operational conditions, particularly temperature
and oxygen partial pressure [96]. During initial exposure to elevated temperatures, particularly below
~1100 °C, a series of transient alumina phases may form prior to the stabilization of a-Al:Os. At early
oxidation stages (700-900 °C), y-Al:Os typically forms, which may transform into 6-Al.Os through

intermediate o-phase formation. With increasing temperature, these metastable oxides gradually
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convert to the thermodynamically stable a-phase [97]. While a-Al.Os becomes dominant rapidly
above 1200 °C, metastable forms may persist for extended durations in the 800—1100 °C range.

The growth mechanisms of these alumina phases also vary. Metastable oxides such as y and 0 are
believed to grow primarily through outward diffusion of AI** ions, or a combined flux of aluminum
and oxygen species. In contrast, a-Al-Os tends to grow by inward diffusion of oxygen, typically along
grain boundaries. Unfortunately, metastable alumina forms tend to grow faster, are more porous, and
exhibit poor adherence. Their transformation into the o-phase also induces volumetric and
morphological changes, introducing residual stresses and promoting cracking, factors that jeopardize
the coating’s integrity.

To mitigate these problems, pre-oxidation treatments of the bond coat have been shown to
significantly enhance TBC durability. Thermally growing a thin, stable a-Al.Os scale prior to top coat
deposition, typically via heat treatment between 1100 °C and 1200 °C, helps prevent the formation
of metastable phases and limits stress accumulation during subsequent service exposure.
Alternatively, physical vapor deposition (PVD) may be employed to form an oxide layer without
consuming aluminum from the bond coat.

Despite its stability, a-Al2Os is still susceptible to spallation under thermal cycling. Tolpygo et al.
[98,99] demonstrated that the presence of metastable phases within the thermally grown oxide (TGO)
can lead to the incorporation of impurities and dopants like zirconium and yttrium during top coat
deposition. Upon transformation to a-phase, these elements segregate at grain boundaries due to their
limited solubility, thereby increasing grain boundary diffusion and reducing resistance to cyclic
oxidation. In contrast, pre-oxidation stabilizes a-Al-Os and significantly improves coating longevity.
Several other factors also affect the adhesion and stability of the TGO layer. These include thermal
stresses induced by mismatches in the coefficient of thermal expansion (CTE) between the TGO and
the substrate, the formation of voids and cracks at the interface, and the increased risk of spallation
as the oxide layer thickens.

During isothermal oxidation, the growth of the TGO typically proceeds through three stages: an initial
transient phase, a steady-state phase representing the effective service life, and a final breakaway
phase. The latter is acceptable as long as it occurs beyond the intended lifetime of the system.
Nevertheless, it is essential to account for ongoing structural and compositional evolution due to
interdiffusion between the bond coat and the substrate. Such diffusion depletes the aluminum content,
weakens the ability to form a continuous a-Al=Os layer, and leads to the segregation of unwanted

elements that encourage localized failure and scale detachment.
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3.3 Failure mechanisms and Pt modification
During service in gas turbine engines, protective coatings are exposed to extreme environments
characterized by high temperatures and corrosive conditions. The performance and longevity of these
coatings largely depend on the stability and regeneration of the alumina (Al2Os) scale that forms on
their surface. Under thermal cycling, common in turbine operations, the alumina layer may spall off
due to thermal stresses. To maintain protection, aluminum from within the coating must diffuse to
the surface to regenerate the oxide scale.
However, aluminide coatings have a limited thickness and contain only a finite aluminum reservoir.
Moreover, there is a significant aluminum concentration gradient between the coating and the
underlying superalloy substrate. While stoichiometric f-NiAl contains approximately 31.5 wt.% Al,
typical Ni-based superalloys have only around 6 wt.% Al. This discrepancy drives interdiffusion at
service temperatures above ~1000 °C, further depleting the coating of aluminum.
As both oxidation and interdiffusion processes consume aluminum, the coating gradually loses its
protective capacity. Aluminum depletion leads to the formation of the y' (NisAl) phase at B-NiAl grain
boundaries, and prolonged exposure reduces the B phase content within the coating. This
transformation compromises high-temperature resistance, and if depletion continues, the y' phase can
eventually transform into the y matrix phase, further undermining the protective function of the
coating.
It should also be mentioned that during high-temperature exposure interdiffusion occurs between the
coating and the superalloy substrate. This can lead to the enlargement of the IDZ, which is generally
brittle, and to the depletion of beneficial elements from the substrate, potentially affecting the
mechanical properties of the component [100]. In addition, interdiffusion with the substrate can lead
to the precipitation of detrimental topologically close-packed phases (TCP) in the superalloy matrix,
generally below IDZ, which can also degrade mechanical properties and dramatically decrease creep
resistance [101,102].
These degradation mechanisms limit the operating temperatures of standard aluminide coatings to
around 870-980 °C [103].
To further improve the protective capabilities of aluminide coatings, Pt-modified aluminides have
been developed [104,105]. The presence of Pt significantly improves coating performance, but the
mechanisms responsible for this improved behavior are not well understood yet: many models have
been proposed, but there is no direct evidence that Pt really behaves accordingly to one or more of
those.
The fabrication of platinum-aluminide coatings typically involves electroplating a thin platinum

layer, approximately 6 pm thick, onto the surface of the superalloy substrate. This is followed by a
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thermal treatment that promotes diffusion of platinum into the substrate. The resulting microstructure
depends on the extent of this diffusion: if platinum penetrates deeply during the pre-aluminizing
annealing stage, a single-phase (Ni,Pt)Al coating forms. Conversely, limited diffusion leads to the
development of a dual-phase structure, consisting of an outer PtAlz layer over a (Ni,Pt)Al phase. In
this configuration, the PtAl. layer serves as an aluminum reservoir [106]. Experimental data has
shown that single-phase platinum-modified coatings exhibit superior oxidation resistance compared

to their two-phase counterparts [107].

3.4 Pt-modified aluminides
Platinum-modified aluminide bond coats are extensively employed to enhance oxidation resistance
in Ni-based superalloy components used in advanced gas turbine engines. The addition of Pt
significantly improves high-temperature oxidation performance, which has spurred decades of
research into the microstructure and oxidation behavior of these coatings [108].
The fabrication of Pt-aluminide coatings typically involves the following steps [108,109]:
1. Pt deposition: a Pt layer is deposited onto the superalloy substrate, usually via electroplating;
2. Pre-Aluminizing Diffusion Treatment: the Pt-coated substrate undergoes a heat treatment in
vacuum. The time and temperature schedule controls interdiffusion between Pt and the
substrate, thus influencing the Pt concentration profile and, therefore, coating microstructure;
3. Aluminizing: The substrate is aluminized under either high- or low-activity conditions. Al
activity, which is regulated by temperature, time and activity of the Al source, determines the
Al content in the coating.
4. Post-Aluminizing Heat Treatment: a final diffusion heat treatment is usually applied to
complete coating formation and stabilize the desired phases.
The final microstructure is influenced by several factors, particularly the time-temperature schedule
of the prior-aluminizing diffusion treatment. It significantly influences the Pt concentration profile
and the subsequent aluminizing kinetics, thus playing a key role in the final coating microstructure:
longer or higher-temperature diffusion treatments can lead to a more uniform distribution of Pt within
the initial diffusion layer, affecting the phases formed during aluminizing. Simultaneously, the Al
content, controlled by the aluminizing process parameters, dictates the relative amounts of different
phases in the coating. Higher Al activity generally promotes the formation of Al-rich phases like
PtAl.
Depending on the growth mechanism during aluminizing, Pt-modified bond coats are classified as

inward-grown (high activity) or outward-grown (low activity) [110].
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Inward grown (high activity) coatings typically have a three-layer structure: a Pt-rich outer layer, an
intermediate layer, and an inner IDZ. The Pt-rich outer layer can have a single-phase {-PtAl., a two-
phase C-PtAl: + B-(Ni,Pt)Al or a single-phase B-(Ni,Pt)Al structure depending on the Pt and Al
concentrations. Indeed, the deposition of a thick initial Pt layer (10 pwm or higher) with an high-activity
aluminizing process can lead the formation of a continuous PtAl: outer layer, whereas a thinner Pt
layer (1-2 um) might result in all Pt remaining in solid solution within the NiAl matrix. Conversely,
the intermediate layer typically presents a single phase -(Ni,Pt)Al.

Outward grown (low activity) coatings typically have a two-layer structure: a single-phase -
(Ni,Pt)Al outer layer and an inner IDZ. These coatings generally have lower Al content. Pack
cementation processes (high temperature low activity, HTLA) often produce single-phase f-(Ni,Pt)Al
coatings [111]. The concentration of Pt in pack cementation coatings can be lower near the surface
and higher near the diffusion zone [110].

The addition of Pt enhances oxidation resistance in both isothermal and cyclic environments.
However, this benefit depends heavily on Pt content. While a minimum Pt threshold is necessary,
beneficial effects do not increase indefinitely with increasing Pt amounts and excess Pt can result in
the formation of brittle, Pt-rich phases and high-temperature transformations that might deteriorate
coating resistance [112,113]. Studies show optimal performance when the initial Pt layer is 5-7 um
thick [112,114,115]. Lower Pt levels reduce resistance, whereas higher levels may increase rumpling
and degrade mechanical integrity [116].

Under isothermal oxidation, introduction of Pt is known to enhance the formation of a continuous
and adherent a-Al>Os scale [111,117], and to promote the selective oxidation of Al [100,118]. It was
also suggested that Pt presence can inhibit void formation at the oxide scale/coating interface or fill
existing voids, thus improving scale adhesion [108,118—120]. It has also been proposed that Pt can
reduce stresses in the growing oxide scale, improving the transformation from transient 6-Al,O3 to
protective a-Al2O3, reducing the stresses related to phase change and contributing to better adhesion
[108,112,120,121]. Pt also significantly enhances the resistance to spallation of the Al-Os scale during
thermal cycling. Indeed, the improved scale adhesion, attributed to Pt, is considered a primary factor
affecting cyclic oxidation resistance. Eventually, Pt modification generally also improves hot
corrosion resistance compared to plain aluminide coatings [117,122—125]. Pt is also known to impede
the outward diffusion of detrimental substrate elements, preserving the scale’s protective properties
[117].

The exact mechanisms leading to the beneficial effect of Pt addition are still under investigation.

Several mechanisms have been proposed, but none of them is univocally accepted yet:
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- Enhanced Al:O;s scale adhesion: Pt is believed to reduce stresses in the scale, promote the
formation of AL:Os pegs that improve scale adhesion by mechanical interlocking, and enhance
the contact area between the scale and the metallic coating by reducing interfacial voids
[108,118,120];

- Promotion of selective Al oxidation: Pt can enhance the diffusion and selective oxidation of
Al, ensuring the formation a protective Al:Os layer even after scale damage or partial
spallation [100,105,108,113,126];

- Stabilization of the coating microstructure: Pt can retard the degradation of the B-(Ni,Pt)Al
phase and the formation of detrimental phases [120];

- Barrier to diffusion of detrimental elements: Pt can inhibit the diffusion of elements like Cr,
Mo, W, and Ti from the superalloy substrate into the coating, preventing their incorporation
into the oxide scale, with detrimental effects on its protective properties [127,128];

- Improved mechanical properties: Pt can increase the modulus of elasticity and creep resistance
of B-NiAl, which can indirectly enhance oxidation resistance by improving the coating's
resistance to cracking and rumpling [126,129-131].

Despite their superior properties compared to standard aluminides, Pt-modified aluminide coatings
are susceptible to several degradation phenomena during high-temperature exposure. One major issue
is surface rumpling under cyclic thermal conditions, particularly above 1100 °C [114,132,133].
Rumpling, or surface roughening, is influenced by TGO growth, coating swelling due to phase
transformations and oxidation, and interdiffusion between the coating and the substrate. It can initiate
cracks within the oxide scale and lead to adhesion spallation, ultimately causing TBC failure [134].
Excessive Pt can worsen rumpling due to reduced hardness and Young’s modulus of the coating
[116]; nonetheless, Yang et al. [ 122] demonstrated that dual-phase PtAlz-dispersed (Ni,Pt)Al coatings
show lighter rumpling compared to single-phase (N1,Pt)Al coatings due to smaller volume changes
during phase transformations and superior creep resistance of {-PtAl.

Extensive research has been conducted to develop modifications that can enhance the durability and
extend the service life of Pt-modified aluminide coatings. Incorporation of reactive elements (RE)
such as Y, Ce, Hf, and Zr has been demonstrated to improve scale adhesion by promoting the
formation of oxide pegs that anchor the scale to the substrate and by reducing the formation of
interfacial voids [108,135]. In particular, the modification with Zr increases the oxidation resistance
of Pt-modified aluminides by retarding 8-to-a-Al2O3 phase transformation and reducing tendencies
to rumpling [136]. Noble metals like Pd and Ru have also explored as alternatives or complements to
Pt: Hong et al. showed that Pt/Pd-aluminides formed a thicker single-phase -NiAl layer with reduced

tendency to rumpling [137]; addition of Ru demonstrated the potential to suppress TCP formation
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[138]. However, Matsuoka et al. [139] indicated that Ru-modified aluminide coatings offer less
favorable oxidation resistance and oxide adherence than Pt-modified aluminide coatings;
accordingly, Tao et al. [132] have shown that Ru presence aggravates surface rumpling and destroys
integrity of the Al,O3 oxide scale, leading to accelerated Al depletion.

Ultimately, coating microstructure is key in determining its high temperature resistance and its control
is crucial to guarantee the best protective capabilities. Both Pt and Al concentrations must be carefully
controlled to optimize the Pt/Al ratio throughout the coating thickness. Indeed, the optimum Pt
content is required to fully realize its beneficial effects; in turn, while increasing Al content generally
improves oxidation resistance, very high Al concentrations can lead to increased diffusive loss of Al
to the substrate and to the formation of brittle Al-rich phases [129].

Despite the importance of control over Pt amount, the most widespread method for Pt deposition is
electroplating. However, electrodeposition is sensitive to electrode geometry and electric field
distribution. It results is considerable difficulties in controlling coating uniformity on samples with
complex-shaped geometries such as turbine blades. This results in over-deposition at edges and
under-deposition on convex surfaces, ultimately producing a non-uniform Pt distribution and uneven

aluminide microstructure.

3.5 Nanoparticles modified aluminides

Although conventional and Pt-modified aluminide coatings are highly effective, they still present
limitations. Among these are the formation of less protective metastable alumina phases during the
early stages of high-temperature oxidation, as well as issues with oxide scale adhesion and integrity
over time. The protective capabilities of aluminide coatings at elevated temperatures are primarily
determined by the formation and stability of the protective Al.Os scale. At temperatures below
approximately 1100 °C, the initially formed alumina is often in metastable forms, such as y and 6
phases [140]. These metastable oxides typically grow faster than the stable a-Al>Os and their phase
transformation to o involves volume shrinkage (around 10% from 0 to o [141,142]), which can induce
microcracks in the oxide scale and cavities at the scale/coating interface [140,143]. These defects
reduce the protective effectiveness of the scale, accelerating coating degradation and possibly leading
to failure.

Reinforcing aluminide coatings with nanoparticles has shown considerable potential in enhancing
high-temperature oxidation resistance [73,144]. These improvements are often attributed to
nanoparticles' influence on the kinetics of alumina phase transformation and the stability of the
oxide/coating interface. A major advantage is their ability to accelerate the transformation of

metastable alumina (particularly 0) to the more stable and protective a-AlOs phase [145,146]. Indeed,
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certain nanoparticles, like Cr203, Fe2O3, LaxO3 and a-Al=Os itself, may promote this transformation
by acting as epitaxial templates due to their crystallographic similarity to a-AlOs [147]. The a-Al.O;
scale is more compact, has a significantly slower growth rate (about two orders of magnitude lower
than 0-Al.Os [146]), and is more stable than 6-Al:Os. Therefore, accelerating its formation leads to a
lower overall oxidation rate.

Beyond phase transformation, nanoparticles can enhance the adhesion of the oxide scale to the
underlying coating. Some nanoparticles or their reactive elements suppress vacancy condensation at
the interface, form mechanical interlocks (pegs), or reduce internal stresses in the oxide layer
[146,148,149].

Various types of nanoparticles have been explored, each potentially offering distinct mechanisms for
improving oxidation resistance:

- Al:0Os nanoparticles, when dispersed in the outer layer of the aluminide coating, can act as
nucleation sites for a-Al.Os, accelerating the 0-to-o transformation [144,147]. They also may
retard grain growth during processing, improving aluminum diffusion and aiding the
development of a continuous alumina scale. In the context of MCrAlY coatings, Bai et al.
[144]showed that a-Al.Os particles in MCrAlY coatings promoted outward diffusion of Al
and suppressed Ni and Cr grain boundary diffusion, resulting in purer Al.Os scales.

- Cr20s: nanoparticles reduce oxidation rates by enhancing the 0-to-a transformation, serving as
crystallographic templates for a-Al-Os [140,145]. Khan et al. [145] also observed that the
faster 0-to-a transformation promoted by Cr20s helps prevent the formation of cavities at the
alumina/coating interface.

- ZrO: nanoparticles exhibit similar behavior, promoting a-Al-Os formation and mitigating
interfacial cavities and cracks [146,148]. Qian et al. [150]added ZrO> to Pt-modified
aluminides, showing minor effect on TGO growth but reduced tendency to rumpling.

- CeO:2nanoparticles can improve both cyclic and isothermal oxidation resistance by facilitating
the 0-to-o transition and serving as diffusion barriers between the aluminide and substrate
[151,152].

- Y20s nanoparticles can enhance hot corrosion resistance of aluminides [153]; however, it was
also shown that Y205 dispersions can suppress or delay the 0-to-a phase transformation [154].

In summary, reinforcing aluminide coatings with specific nanoparticles positioned effectively, can
significantly improve high-temperature oxidation resistance. These improvements are primarily
achieved by promoting the rapid transformation of metastable alumina phases to the more protective
a-Al2Os, reducing aluminum diffusion, enhancing oxide scale adhesion, and mitigating defects at the

scale/coating interface.
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One of the easiest and most common methods to disperse nanoparticles within the aluminide coating
is by electrodepositing an additional metallic layer (typically Ni) containing nanoparticles onto the
substrate before the aluminizing process [145,147]. In the case of Pt-modified coatings, nanoparticles
can be added directly to the electrodeposited Pt layer [150]. However, this process is strongly affected
by current density non-uniformities, especially on the complex-shaped components typical of high

temperature applications, and homogeneous layers are very difficult to obtain.
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4. Platinum plating techniques

Currently, the only method used at an industrial scale for platinum deposition on superalloys is
electroplating. While this technique is well-established and capable of producing thin metallic
coatings through electrolysis of a solution containing platinum ions or their complexes, it presents
significant drawbacks. In particular, electroplating requires highly careful and customized anode
design, tailored specifically for each individual component to be coated. This necessity greatly limits
flexibility, especially when dealing with components of varying shapes and sizes. Moreover, due to
the edge effects of the electric field, achieving uniform coatings on complex geometries, such as
turbine blades and nozzle components, becomes extremely challenging, with sharp edges and intricate
features often receiving excessive or insufficient plating.

As an alternative, electroless plating has attracted attention. In this process, the electrons required for
metal ion reduction are supplied by a chemical reducing agent added to the bath, rather than by an
external power source. This fundamental difference eliminates issues related to electric field
distribution, enabling the deposition of more uniform and homogeneous coatings even on components
with complex shapes. However, despite its promise, electroless deposition of pure platinum remains
an area of active research and has not yet achieved a reliable, industrially viable method for producing
sufficiently thick Pt films, which is essential requirement for high-temperature applications like gas
turbines.

A summary comparing the main differences between electroplating and electroless plating is provided

in Table 4.1 [155]

Property Electrodeposition Electroless deposition

Driving force External power supply Iljre()(;lleiitl;i agent (RA) and autocatalytic
Cathode reaction M™ +ne” > M M™ +RA-> M

Anodic reaction M —ne” » M™* RA —ne™ = RA,yidized

Overall Reaction Mgnode = Meathode M™ + RA - M + RA,xidized

Anodic Site Anode itself Workpiece

Cathodic site Workpiece Workpiece

Table 4.1: Comparison between electrochemical and electroless deposition.

4.1 Electroplating
Electrodeposition, commonly referred to as electroplating, is a film growth process in which a
metallic coating is deposited onto a base material through the electrochemical reduction of metal ions

from an electrolyte solution [156]. The technique takes place within an electrolytic cell (Figure 4.1),
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where an external voltage or current is applied across two electrodes. The component to be coated,
connected to the negative terminal of the power supply, serves as the cathode, while the anode,
connected to the positive terminal, completes the circuit. Both electrodes are immersed in an

electrolyte: a solution containing either free metal ions or complexes of metal ions with ligands.

—+O Power supply O-'—

Electrolyte

Me"" ——

ANODE CATHODE

Figure 4.1: Cell setup for electroplating.
The fundamental electrochemical reaction governing electrodeposition can be written as:

(MyLy,)" +nxe™ - xM + yL (4.1)
where L represents a ligand bound to the metal M to form the complex (MxLy)? and n is the number
of electrons involved per metal atom deposited. In the simplest case, where hydrated metal ions are
directly reduced, the reaction simplifies to:

M#*-xH,0 + ze~ -» M + xH,0 (4.2)
Each metal atom requires the transfer of n electrons. Accordingly, the total charge Q necessary to
deposit one mole of atoms can be calculated using Avogadro’s number (N4=6.022x10? mol ') and
the Faraday constant (F=96485 C-mol '), with the relationship:
Nyne™ =nF (4.3)
The mass m of metal deposited is directly proportional to the charge QO passed through the system, as

described by Faraday’s Law:

_ o4
m_nF

where A is the molar mass of the metal, and n is its valence. If the current I is constant during

(4.4)

deposition, the charge is simply:
Q=1It (4.5)

where 7 is the electrolysis time. For variable currents, the charge is given by the integral:

Q= f Idr (4.6)

leading to the generalized form of Faraday’s Law:
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These equations can also be expressed in terms of the thickness t of the deposit, given by t=m/pS,

(4.7)

m

where p is the density and S the surface area being coated.

It is important to note that Faraday’s Law predicts an ideal mass gain, assuming all the current
contributes exclusively to metal deposition. In practice, however, side reactions (such as hydrogen
evolution, the reduction of surface oxides, or co-deposition of undesired metals) consume part of the

current, reducing the current efficiency of the process. This efficiency, 1, is defined as:

n= Mactual (4 8)
mFaraday '
where Macwal 1S the real mass of the deposited metal, and Mraraday 1S the theoretical mass predicted by

Faraday’s Law.

4.1.1 Electrode potential

The electrodeposition process fundamentally occurs at the interface between the metallic surface and
the electrolyte solution. When a metal electrode is immersed into the electrolyte, a charge separation
arises at this interface, due to the distinct nature of the mobile charge carriers: electrons in the metal
and ions in the solution. As a result of Coulombic interactions, an electrical double layer forms,
creating a potential drop across the interface between the bulk metal and the adjacent solution. This
inherent potential difference, known as the electrode potential (Eo), reflects the material’s tendency
to undergo oxidation (i.e., to lose electrons and form ions).

However, the absolute value of the electrode potential cannot be measured directly without
introducing a second metal-electrolyte interface. To address this, all electrode potentials are measured
relative to the Standard Hydrogen Electrode (SHE), whose potential is conventionally set to zero. By
comparing metals according to their electrode potentials, it is possible to establish an electromotive
force series (emf series) or galvanic series (Figure 4.2), ranking metals by their ease of oxidation: the
lower the electrode potential, the more readily a metal releases electrons. In the design of an
electrochemical cell, the material with the higher electrode potential acts as the cathode (where
reduction and deposition occur), while the material with the lower electrode potential serves as the

anode (where oxidation and dissolution into the electrolyte take place) [157].
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Standard Electrode Standard Electrode

Electrode Reaction Potential, E° w) Electrode Reaction Potential, E° )
At + 3¢” — Au +1.420 Ni?* + 2¢~ — Ni -0.250
O, + 4H* + 4¢- — 2H,0 +1.229 Co** + 2¢- —> Co -0.277
Pt** + 2¢~ — Pt ~+1.2 Cd* + 2" —> Cd —0.403
Agt+ e — Ag +0.800 Fe?* + 2¢~ — Fe —0.440
Fe** + ¢~ — Fe?* +0.771 Ct + 3¢~ — Cr —0.744
O, + 2H,0 + 4¢~ — 4(OH") +0.401 Zn** + 2¢~ —> Zn —-0.763
Cu** + 2¢- —> Cu +0.340 APt + 3¢” — Al —1.662
2H* + 2¢- — H, 0.000 Mg** + 2¢~ — Mg —-2.363
Pb** + 2¢~ —> Pb -0.126 Na* + e~ — Na -2.714
Sn** 4+ 2¢~ — Sn -0.136 K*+e¢e — K —2.924

Figure 4.2: Standard emf series (or galvanic series).

At thermodynamic equilibrium, the electrode potential for a given redox process can be described by

the Nernst equation:

0 RT aMZ+
Evzsym = Eyzejy + 510 ay

(4.9)

Where R=8.3145 J/(mol-K) is the universal gas constant, T is the absolute temperature in Kelvin, F
is the Faraday constant, and « represents the activity of the relevant species in the solution.

To achieve a practical deposition rate during electrodeposition, the electrode potential must be shifted
in the cathodic direction relative to its equilibrium value. This deviation from equilibrium is referred
to as the overvoltage. In electroplating operations, the required overvoltage is generated by the

application of an external current, enabling sustained metal ion reduction and continuous film growth.

4.1.2 Electroplating of Pt
In principle, metal deposition can be achieved from simple solutions containing a soluble salt or other
compound with the metal in the form of cation, anion, or complex. However, platinum, being a highly
noble metal, presents particular challenges: its ions are readily reduced, making it difficult to prepare
a stable simple salt solution suitable for a plating bath [158]. Consequently, coordination chemistry
plays a crucial role in platinum electrodeposition, and the electrolyte composition largely determines
the characteristics and physical properties of the resulting coating.
For an effective platinum source in electroplating baths, three key requirements must be met: (1)
Stability against hydrolysis or other decomposition processes; (ii) the ability to reduce Pt(I1)/Pt(IV)
species readily, even on freshly deposited platinum surfaces; (iii) maintenance of bath composition
without irreversible chemical changes during deposition.
Achieving stability often conflicts with the ease of reduction, as strong complexation stabilizes the
salt but simultaneously shifts the platinum reduction potential in the negative direction [159].
Over time, several platinum electroplating baths have been developed to meet industrial demands for
coatings exhibiting good electrical properties, ductility, fine grain structure, good diffusion behavior,

and uniform thickness [155,160].
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Chloride-based baths utilizing Pt(IV) complexes such as H:PtCls allow for high current
densities (2.5-3.4 A/dm?) but suffer from low current efficiencies. When (NHa4).PtCls is used
with a sodium citrate—ammonium chloride supporting electrolyte, current efficiency improves
(~70%) at lower current densities. However, high chloride concentrations pose significant
corrosion risks, limiting the practical application of these baths. Operating temperatures range
between 45-90 °C, and platinum replenishment occurs through dissolution of the Pt anode in
the acidic medium.

Hydroxide-based baths employ Pt(OH)s*~ complexes with sodium or potassium counterions.
These systems show efficiencies between 80—-100% at 65-90 °C, but their poor stability,
despite simple preparation, is a major drawback.

"P" salt-based baths [(NH:)Pt(NO:):] allow for exceptionally high current densities (up to 5
A/dm?) using supporting electrolytes like ammonium nitrate and sodium nitrate. Nitrite
stabilizes the platinum complex by preventing transition to higher-coordinated amines and
itself decomposes favorably to assist platinum reduction. Ammonia ensures solubility and
stabilizes the system while acting as a pH buffer. Despite the advantages, these baths have low
current efficiencies (even at elevated temperatures near boiling) and suffer from evaporation
losses, requiring frequent bath replenishment. Health and safety concerns arise due to ammonia
vapor release. Replacing ammonia with NaOH increases current efficiency but decreases bath
lifetime. Recent developments in carbonate-based "P" salt baths without ammonia improve
process stability, reaching efficiencies up to 40%, depending on the electrolyte used.

"Q" salt-based baths [(NH3)sPt(HPOs4)], developed by Johnson Matthey [161], represent a
significant improvement over "P" salt systems. These baths, which avoid sulfur and chlorine
contaminants (critical for high-temperature applications), enable the high-rate deposition of
thick, high-quality platinum layers, making them ideal for coating turbine blades. A phosphate
buffer improves pH control, with typical operating conditions of pH 10.3 (adjusted with
NaOH) and 95 °C.

In "Q" salt baths, platinum deposition likely proceeds through a stepwise ligand exchange mechanism

[159]:

Pt(NH3)3* + xH,0 — Pt(NH3)3*, (H,0)%t + xNH,4 (4.10)
Pt(NH3)3t (H,0)%* + 2e™ - Pt + (4 — x)NH; + xH,0 4.11)

Due to the lability of ammonia ligands, elevated temperatures are essential to drive the substitution
and reduction processes effectively. As shown in Figure 4.3, current efficiency drops sharply below

89 °C, as Pt(NHs)+** becomes electrochemically inactive at potentials more positive than hydrogen
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evolution. Regular addition of distilled water is necessary to maintain bath volume and composition
due to evaporation losses.
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Figure 4.3: Current efficiency as a function of temperature for “Q”-salt electrolyte bath [160].

“Q” salt baths are extensively used for industrial-scale coating of components exposed to aggressive,
high-temperature environments. The cyclic voltammogram for a typical "Q" salt solution (Figure 4.4
[162]) reveals a sharp cathodic peak at approximately —740 mV vs. Ag/AgCl during the forward scan,
indicating rapid platinum deposition. On the reverse scan, a broader, smaller cathodic peak appears,
attributed to the continued platinum reduction on the newly formed platinum surface. At potentials

more negative than —850 mV, hydrogen evolution dominates the current response, interfering with
platinum deposition [162].
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Figure 4.4: Cyclic voltammogram of a typical “Q” salt plating solution at copper disc electrode, recorded at 95 °C [162].

The morphology of the platinum deposits strongly depends on the cathodic deposition potential
[159,163]

e At potentials positive to the peak, deposition follows a progressive nucleation and 3D growth

model, resulting in bright, highly stressed, and cracked films (Figure 4.5 (a)).
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o Slightly more negative potentials yield deposits with finer hemispherical grains and reduced
cracking (Figure 4.5 (b)), offering better adhesion but achievable mainly under potential
control.

o At significantly negative potentials, angular crystallites form (Figure 4.5 (c)), producing less
stressed, matte, and poorly reflective coatings.

(b)

Figure 4.5: Morphology of Pt film obtained at different cathode potentials (vs Ag/AgCl at 95 °C): (a) -620 mV; (b) -750 mV; (c) -850
mV [163].

From a practical standpoint, constant current (galvanostatic) deposition is easier to implement for
thickness control but restricts the achievable morphologies to highly cracked or matte coatings due
to the peaked nature of the current—potential curve. Moreover, thicker deposits tend to exhibit
increased cracking, undermining coating quality. Surface preparation, especially the degree of
polishing, critically impacts nucleation behavior and final surface quality.

Beyond these microstructural considerations, one of the main limitations of platinum
electrodeposition lies in the difficulty of achieving uniform coating thickness due to the electric field
edge effect. Charges accumulate at edges and sharp features (Figure 4.6), leading to locally higher
current densities and thicker deposits. This phenomenon occurs at both macroscopic and microscopic
scales, making it particularly challenging to coat components with complex or sharp geometries

uniformly, such as turbine blades and nozzles.

Deposit

Base Metal

Figure 4.6: Schematic representation of the coating non-uniformity typical of coatings deposited via electroplating.

4.2 Electroless plating
Electroless deposition is an autocatalytic process in which the reduction of metal ions and subsequent
film formation occur via the oxidation of a chemical reducing agent present in the plating bath. Unlike

electroplating, this technique does not require an external power supply, as the reducing agent serves
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as the electron donor. Both anodic and cathodic half-reactions occur on the same surface, which is
the substrate to be coated, where electrons are transferred from the reducing agent to the metal ions,

which are then reduced and deposited on the substrate surface (Figure 4.7).

® ® ® o Electrolyte
®EE® &6
\_f/ M
Subsirate

Figure 4.7: Schematic representation of an electroless process, were the reducing agent R is the source of electrons and M represents
the metal to be reduced.

The term "electroless" was first introduced by Brenner and Riddell in 1946 [164], who explored the
controlled catalytic deposition of Ni—P alloys. Their work laid the foundation for electroless plating
as a technique in which metal deposition occurs exclusively on catalytically active surfaces. Since
then, extensive research has focused on developing electroless baths for various metals and alloys to
produce coatings with unique functional properties [165].

A major advantage of electroless deposition is its ability to produce coatings of uniform thickness,
even on complex geometries, as it is not subject to the inhomogeneities of current density seen in
electroplating. However, controlling the plating bath can be challenging, particularly in the case of
noble metals like platinum, where high redox potentials and side reactions complicate bath stability
and deposition control.

Neglecting side reactions, the fundamental electroless deposition mechanism can be represented as

follows:

. catalityc surface . .
Reducing agent —— > Oxidation products + ne~ (4.12)

M7 4 ze- catalityc surface Ml (4.13)

The substrate must be catalytically active to initiate the reaction, although virtually any material can
be plated after appropriate surface activation. Nonetheless, unintended deposition may occur on
catalytically active sites elsewhere in the bath, such as scratches on container walls or suspended
particles, due to their high surface energy.

Electroless deposition should not be confused with galvanic displacement (immersion plating), a non-
autocatalytic process in which the more noble metal ions are reduced by the oxidation of a less noble
metal substrate. In displacement reactions, deposition halts after forming a monolayer, as the base

metal is no longer exposed. In contrast, electroless deposition is self-sustaining, since the deposited
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metal layer remains catalytically active, allowing continued growth. Additionally, the redox potential

for electroless deposition is generally more positive than that of galvanic displacement. This

autocatalytic nature is illustrated in Figure 5.2.2 [166].

Deposit thickness
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Figure 4.8: Deposition thickness versus time, comparison between immersion deposition and electroless deposition [166].

A typical electroless plating bath contains several essential components, including [167]:

Metal salts, which provide the metal ions for deposition;

Reducing agents, which donate electrons to reduce metal ions;

Complexing agents, typically organic acids or their salts, which bind metal ions to regulate
free ion concentrations;

Stabilizers or inhibitors, which suppress unwanted bath decomposition and minimize
spontaneous deposition on non-target surfaces;

pH regulators, used to set the initial acidity or alkalinity;

Buffers, which maintain stable pH during operation.

The efficiency and quality of electroless deposition are highly sensitive to bath parameters such as

pH, temperature, and the concentrations of all constituents, especially metal ions and reducing agents.

Precise control is essential to ensure reproducible deposition and desired coating properties. Despite

this complexity, the process itself is relatively straightforward to implement. Uniform and adherent

coatings can be achieved simply by immersing properly prepared substrates in the heated plating

solution, without the need for external electrical current or complex setup.
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4.2.1 Solution composition and deposition mechanisms
Not all reducing agents are suitable for electroless deposition. The most commonly employed
reducing agents include sodium hypophosphite, sodium borohydride, amine-boranes, and hydrazine,

each with distinct chemical properties and operational requirements, as summarized in Table 4.2.

Reducing agent Electrons available (#)  Redox potential vs SHE (V)
Sodium hypophosphite 2 -1.40
Sodium borohydride 8 -1.20
Dimethyl amino borane
(DMAB) 6 -1.20
Diethyl amino borane
(DEAB) 6 -1.10
Hydrazine 4 -1.16

Table 4.2: Most common reducing agents and their characteristics.

The use of phosphorus- and boron-based reducing agents results in the co-deposition of elemental P
or B, which can alter the final composition and properties of the coating. Amine-boranes, with the
general formula RsN-BHs, are adducts of amines and boron hydrides. While sodium borohydride is
typically restricted to strongly alkaline conditions, amine-boranes are more versatile and can be used
in mildly alkaline, neutral, or even mildly acidic media. Hydrazine, on the other hand, is effective in
both acidic and alkaline environments, though its reducing power is enhanced in alkaline solutions.
It is often used when high-purity deposits (97-99%) are required [155].

To regulate the availability of free metal ions in solution and prevent spontaneous or uncontrolled
deposition, complexing agents are added to the bath. These compounds form coordination complexes
with metal ions, which are Lewis acids, by donating electron pairs from their ligand groups, typically
organic acids, their salts, or amine-containing molecules. By binding to metal ions, complexing agents
lower the concentration of free ions, enhancing bath stability and controlling deposition rates.
Additionally, complexation generally shifts the metal ion’s reduction potential to more negative
values, making reduction more selective.

The ability of a ligand (L) to form a stable complex with a metal ion (M) is quantified by the
formation constant (Kui), expressed by the equilibrium:

MZ* 4 [ - (ML)"2)- (4.14)

_ [mMLO27]
kML —_ W (4.15)

A higher K., value indicates stronger binding and a lower concentration of uncomplexed metal ions.

However, the effectiveness of complexation is strongly pH-dependent, since it is influenced by the
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acid-base dissociation equilibrium of the ligand. If the solution pH is significantly lower than the
ligand’s pK,, complex formation will be limited [168].

Even with proper complexation, additional stabilizers are often necessary to suppress unwanted side
reactions and prevent deposition on non-target catalytic surfaces. These stabilizers act by adsorbing
onto high-energy surfaces, effectively inhibiting uncontrolled nucleation. Common stabilizers
include heavy metals from group II [169], thiourea [170,171], and guanidine [172].

In contrast, accelerators may be introduced in small quantities to enhance the deposition rate.
Examples include trace amounts (millimolar concentrations or lower) of thiourea, formate, or glycine,
which promote faster nucleation and growth by facilitating electron transfer or modifying surface
chemistry [168].

While designing an electroless plating bath is relatively complex, requiring careful balance between
multiple interdependent parameters, the use of tailored additives (including stabilizers, accelerators,
and complexing agents) is often the key to achieving coatings with desirable properties tailored for
specific functional or industrial applications.

Understanding and optimizing the electroless deposition process also requires a solid understanding
of the electrochemical principles underlying its operation. Building on the previously discussed
influence of bath composition and operating parameters, it is important to recognize that electroless
plating is fundamentally governed by redox reactions occurring at the substrate surface, and as such,
can be effectively modeled using an electrochemical framework [173,174].

According to the mixed potential theory, the overall electroless deposition process results from the
combination of two simultaneous half-reactions: the oxidation of the reducing agent and the reduction
of metal ions, as described in reactions (4.12) and (4.13). Both reactions take place on the same
catalytic surface, each tending to impose its own equilibrium potential. However, rather than each
reaching equilibrium independently, the system reaches a steady-state compromise potential, referred
to as the mixed potential (Emp).

At this mixed potential, the anodic current from the oxidation of the reducing agent equals the
cathodic current from the reduction of the metal ions. This balance establishes a dynamic steady state,
even though neither half-reaction is at its true equilibrium. In practical terms, the potential of the
reducing agent/oxidation product couple is shifted anodically, while the potential of the metal/metal
ion couple is shifted cathodically, enabling continuous deposition.

This behavior can be visualized using current—potential (i—E) curves, as shown in Figure 4.9. The two
solid lines represent the anodic and cathodic partial reactions, while the dashed curve represents the
net overall reaction. The point where these curves intersect corresponds to Emp, the operational

condition under which stable deposition occurs.
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Figure 4.9: Current-potential curves for a generalized electroless deposition reaction. The dashed line represents the curve for the
complete electroless solution [168].

This electrochemical perspective complements the chemical understanding of bath formulation by
providing a framework to quantitatively evaluate deposition kinetics and predict the effect of changes
in bath composition or conditions on the plating rate and film quality.

While the electrochemical framework based on mixed potential theory provides valuable insights into
the thermodynamics and kinetics of electroless deposition, a deeper understanding of the process also
requires consideration of the catalytic nature of the substrate and the mechanistic pathways underlying
reductant oxidation. The ability of a metal or alloy surface to catalyze the oxidation of the reducing
agent is a key factor in determining whether electroless deposition can proceed. However, no single
metal is universally effective for all reducing agents. Among the known catalysts, palladium exhibits
the highest catalytic activity, making it the preferred choice for activating non-catalytic substrates,
especially in pre-treatment steps for materials such as plastics or glass.

As discussed previously, only a limited number of reducing agents are practically suitable for
electroless deposition, and their performance is highly dependent on a carefully tuned balance of bath
composition and operating conditions. To further elucidate the underlying mechanisms, several
hypotheses have been proposed over the years [166,168].

One of the earliest and most widely cited is the hydrogen adsorption mechanism, originally proposed
by Brenner and Riddell [164,175]. This model suggests that atomic hydrogen, produced by
dissociation of the reducing agent and adsorbed onto the catalytic surface, is the true reductant of
metal ions. The simultaneous evolution of hydrogen gas, commonly observed during nickel
deposition, is attributed to the recombination of adsorbed hydrogen atoms.

Although supported by multiple authors, this mechanism lacks definitive experimental evidence for
the direct involvement of adsorbed hydrogen in metal ion reduction. An alternative proposal, the
hydride transfer mechanism [176,177], postulates that the reducing agent donates hydride ions (H"),

which directly reduce metal ions, accompanied by hydrogen evolution. However, the limited
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experimental confirmation of hydride intermediates in electroless processes has kept this mechanism
from widespread acceptance.

A third model, the metal hydroxide mechanism [178,179], suggests that hydrolyzed metal ions
complexed with hydroxyl groups serve as the actual reactants. These species adsorb onto the surface
and react with the reducing agent, leading to metal deposition. It is important to note that hydroxide
coordination, not full precipitation, is assumed; otherwise, insoluble metal hydroxides would inhibit
deposition.

Another perspective is the electrochemical mechanism, which frames the process in terms of local
galvanic cells forming on the catalytic surface. In this model, electrons supplied by the reducing agent
via reaction with water drive cathodic metal ion reduction and hydrogen evolution. However, this
simplified approach does not adequately explain the role of catalytic surfaces in sustaining the
reaction.

To reconcile these observations, Van Den Meerakken [180] proposed a generalized mechanism for
reductant oxidation, integrating catalytic and electrochemical concepts. The model involves initial

adsorption of the reducing agent (RH), followed by its dissociation into reactive radical intermediates:

RH — RHgqs (4.16)
RHgas = Rags + Hags (4.17)
R,4s + OH™ - ROH + e~ (4.18)
Haas + Hags = Ha (4.19)

This mechanism suggests that pH plays a critical role, as OH™ is directly involved in the anodic step.
While not intended as a universal model, it offers a compelling framework for analyzing the behavior
of specific metal-reductant systems, particularly where catalysis, surface interactions, and radical

intermediates are suspected to play major roles.

4.2.2 Electroless platinum plating: state of the art

Due to its noble character, platinum presents significant challenges in developing stable and efficient
electroless plating baths. Its high reduction potential makes spontaneous and uncontrolled deposition
likely, especially in the presence of potent reducing agents like hydrazine. Recent research has largely
focused on the electroless deposition of platinum nanoparticles for catalytic applications [181-186].
However, well-established methods the production of thick and uniform platinum coatings suitable
for industrial applications remain scarce, with only a limited number of studies and patents addressing
this need.

The first documented process for depositing pure platinum from an alkaline bath was patented by

Rhoda and Vines in 1969 [187]. The bath formulation, listed in Table 4.3, uses platinum(IV)
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hydroxide as the metal source, hydrazine as the reducing agent, and a trivalent nitrogen-based
stabilizer such as ethylamine, Na2EDTA, quinoline, or sulfamate ions. Deposition was conducted at
25-35 °C and pH > 8, with reported rates of approximately 12.5 um/h. However, such a system
proved highly stable: bath is very susceptible to decomposition due to the high reducing power of

hydrazine and, therefore, it is hardly compatible with any industrial application.

Compound Concentration (g/L)
NaxPt(OH)s 10
NaOH 5
N2H4-H>0 3.7
Ethylamine 10
pH 10
Temperature 35°C

Table 4.3: Alkaline bath composition proposed by Rhoda and Vines [187].

Subsequently, Steinmetz et al. [188] improved the bath's stability by incorporating ethylenediamine
as a complexing agent and adding small amounts of As20s and imidazole. Though more stable, the
bath required high temperatures (~90 °C) and achieved a slower deposition rate (~1.5 pm/h). Uniform
coatings were reported on IN100 superalloy substrates.
Leaman [189] later proposed another alkaline bath based on the hydrazine reduction of (NHa4)2PtCls,
which is formed by neutralizing chloroplatinic acid with ammonium hydroxide:
H,PtClg + 2NH,OH —» (NH,),PtCls + 2H,0 (4.20)
Stability of the complex in ammoniacal solution increases with increasing alkaline conditions, so
deposition was performed at pH in the range 7-13.5. Half reactions taking place during deposition
are:
N,H, + 4NH; - 4NH] + 4e~ + N, (4.21)
(NH,),PtClg + 4e~ - 2NH,Cl+ Pt + Cl™ (4.22)
According to reaction (4.22), excess chloride ions enhance stability as well. wetting agent may be
used to promote coating uniformity, and the bath composition is listed in Table 4.4. A strict control
over temperature is required, to avoid the rapid reduction of platinum and bath decomposition. For
this reason, the inventor recommends to start deposition at temperatures as low as 20 °C and to
gradually increase it as platinum is consumed. According to the patent, the proposed bath formulation

is only capable of depositing on metals and metal alloys that are more noble than copper.

Compound Concentration (mol/L)
(NH4)2PtCls 0.0005 - 0.15
N2Hy or its salts 0.005 - 1.50
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NH4+OH 0.005-13.0
Alkali metal chlorides 0.005-1.0

Wetting agents (surfactants) 0-0.10
Table 4.4: Alkaline bath composition proposed by Leaman [189].

More recently, Kong et al. [190] patented another hydrazine-based alkaline bath for deposition on
copper substrates. The platinum source is H2PtCls complexed with TMAH (the two reagents are
mixed and boiled for several hours to obtain HoPt(OH)e") and hydrazine is used as the reducing agent.
The proposed bath also comprises hydroxylamine to complex hydrazine, sulfamic acid as accelerator
and 5-sulfosalicylic acid and EDTA as stabilizers, according to the recipe provided in Table 4.5.
Nonetheless, given the specific application for semiconductor processing, the authors only achieved

thickness of 100-400 A after immersing for 0.5-5 min.

Compound Concentration
H,PtCls + TMAH 2-30 mM
N2H4 0.1-1M
Hydroxylamine 5-50 mM
Sulfamic acid 0-0.5M
5-su1fosalcli:}gilci 2cid and/or 220 mM

pH 8-12

Temperature 20-85 °C

Table 4.5: Alkaline bath proposed by Kong et al. [190].

Walter and Leaman [191] developed an acidic bath containing chloroplatinic acid and hydrazine, with
HCI to maintain pH ~0.6 and sulfosalicylic acid as a wetting (Table 4.6). In this case, the half reactions
taking place in the bath are:
N,H, - 2HCl - 2HCl+ H* + N, + 4e~ (4.23)
H,PtClg + 4e~ - 2HCl + Pt + 4Cl™ (4.24)
This system benefits from increased acidity during deposition, which prevents decomposition.
Deposition occurs optimally at 60—70 °C. Of course, acidity of the bath limits application to

deposition on very noble metals or substrates that are not susceptible to corrosion.

Compound Concentration (mol/L)
H>PtCls 0.0005 - 0.0625
N2Hg or its salts 0.003 -0.25
HCl 0.02-5.0
Sulfosalicylic acid 0.0005 - 0.025
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Table 4.6: Acidic bath composition proposed by Walter and Laeman [191].

Later, Rao and Pushpavanam [192] extended the work of [191], developing a bath with improved
additives to deposit on titanium substrates. They used 1 g/L of platinum source and introduced three
types of additives: 1,3,6-naphthalene-trisulfonic acid trisodium salt, benzene-m-disulfonic acid and
sulfosalicylic acid. However, the introduction of such additives allows the deposition of a stress-free
deposit with growth rate only up to of 1 pm/h and the authors specify that the platinum salt/hydrazine
ratio should always be maintained constant: if that is not done, the baths get decomposed.

Paul et al. [193] further adapted this bath for use on SiC-Si:N4 composites. The recipe is reported in
Table 4.7; however, a continuous Pt layer was not produced, but only spherical Pt particles (100-500

nm size) attached to the substrate were obtained.

Compound Concentration (g/L)
H,PtCle-5H20 1
CsHs07Na3-2H>O 11
N2Hg 3.7
HCI
pH 2
Temperature 66-68 °C

Table 4.7: Acidic bath used by Paul et al. [193].

The main disadvantage of the baths proposed in [189,191,192] is that they are only stable without the
addition of the reducing agent, which is added just prior to deposition.

To overcome the stability issues, Strejcek [194] proposed a near-neutral bath based on cis-diammine
platinum dinitrite (DNP salt), stabilized with sodium nitrite and accelerated by disodium hydrogen
phosphate. Hydrazine monohydrate was employed as the reducing agent: it was added dropwise over
250 minutes to guarantee stability, but the deposition rate was extremely low (~0.15 pm/h) and only
substrates like Ni, Pt and Pd are reported to be catalytically active after activation with HNOs.
Complete recipe is reported in Table 4.8.

Compound Composition for 100 mL solution
NaNO; 10g
Pt(NH3)2(NO2)2 (DNP salt) 0.124 ¢
N2Hs-H2O 13 mL (added dropwise in 250°)
pH 7-8
Temperature 60 -95°C
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Table 4.8: Neutral bath composition proposed by Strejcek [194].

Another bath based on DNP salt and hydrazine monohydrate, capable of depositing on any substrate,
was patented by Koslov et al. [195]. Plating occurs in acidic conditions: acetic acid or nitric acid are
added to keep pH in the range 2-6. Bath composition for deposition on Inconel X7750 nickel-based
superalloy is presented in Table 4.9. Deposition rate is reported to vary in the range 0.1-2 pm/h and
the rate increases with increasing temperature and concentration of platinum or hydrazine. However,

increasing those parameters leads to a more difficult control over bath stability and coating formation.

Compound Concentration (g/L)
DNP salt 2
N2H4-H2O 3
CH3COOH
pH 3
Temperature 50°C

Table 4.9: Acidic bath composition proposed by Koslov et al. for deposition on Inconel X750 [195].

Due to the strong reducing power of hydrazine, previously reported electroless platinum plating baths
based on this compound often suffer from poor stability. In response, several recent studies have
focused on developing baths that utilize milder reducing agents. Additionally, hydrazine is a
hazardous substance, so replacing it with safer alternatives is desirable from a health and
environmental standpoint.

Kato and Watanabe [196] patented a bath formulation that uses formalin, glucose, formic acid, or
formates as reducing agents in combination with any water-soluble Pt(II) or Pt(IV) salt. Organic acids
are employed as complexing agents, and the bath pH is maintained between 6.5 and 12 using NaOH
or H2SOa. At a deposition temperature of 70 °C, a plating rate of approximately 1 pm/h is achieved.
However, a key limitation is that autocatalytic deposition only occurs after the substrate is activated
by electrodepositing a thin platinum layer.

Another formulation utilizing formic acid or formates was proposed by Sasamura et al. [197]. In this
bath, K>PtCls serves as the platinum source, with EDTA as a complexing agent. Deposition is
promoted by the addition of an ion-supplying agent such as KCl. A pH adjuster and buffer are also
included. The typical bath composition and conditions are summarized in Table 4.10. However,
activation of the substrate with palladium-containing acidic solutions is required regardless of its
nature, and the process can only produce platinum films with thicknesses ranging from 0.001 to

0.5 um. These constraints limit its practicality for industrial applications.

Compound Concentration (g/L)
KoPtCly 0.5
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Potassium formate 10

KClI 50
EDTA 10
KH>POg4 10
pH adjuster
pH 4-8
Temperature 50°C

Table 4.10: Composition of the bath proposed by Sasamura et al. [197].

Alarfaji et al. [198] recently proposed a bath using formaldehyde as the reducing agent for depositing
Pt/Pd composite coatings on stainless steel or alumina-coated stainless steel for catalytic applications.
However, with the formulation shown in Table 4.11, only deposition of nanoparticles or small clusters

of coalesced particles was achieved, not a uniform continuous film.

Compound ml in 500 ml H20
17 +0.345
H,PtCls + PdCl» (for 90%Pt 10%Pd in the
coating)
Formaldehyde 12
pH 1.8
Temperature 40 °C

Table 4.11: Acidic bath proposed by Alarjafi et al. [198].

A more recent patent by Shibata and Kamimura [199] describes a two-solution system. The first
solution contains a water-soluble platinum salt and a hydroxymethyl compound with the structure R'-
CH:-CHs, where R’ contains an aldehyde or ketone functional group. The second solution includes
hydrazine monohydrate as the reducing agent and a complexing agent such as ethylenediamine. The
hydroxymethyl compound is intended to enhance selective plating and suppress out-of-pattern
deposition. However, the authors report that partial decomposition and unintended deposition on
container surfaces occur immediately upon mixing the two solutions. Moreover, the solutions are
only stable for long-term storage if the platinum salt and reducing agent are stored separately, which
significantly limits their industrial viability.

An alternative approach was proposed by Tamasauskaite-Tamasiunaite et al. [200], using the
Co**/Co*" redox couple as the reducing agent. Using the formulation provided in Table 4.12, the
authors achieved platinum deposition up to 0.05 pm thickness at 20 °C on roughed glass sheets (after
proper activation with PdCl»). Although the solution exhibits good stability, the deposition rate is too

low for practical use in industrial applications in the high temperature sector.

Compound Concentration (mol/L)
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H>PtCls 0.004

NHsOH 0.4
Diethylentriamine 0.16
CoCl 0.2
HCl enough for pH=7.5
Temperature 17-20 °C

Table 4.12: Electroless plating bath proposed by Tamasauskaite-Tamasiunaite et al. [200].

Each of the above-described formulations presents notable limitations that hinder their applicability
in industrial settings. These challenges emphasize the ongoing need for research into stable and
efficient platinum electroless plating solutions. Specifically, such systems should enable the
formation of high-quality platinum films with thicknesses of several microns, suitable for applications

where modified Pt-aluminides are required.
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S. Introduction to the experimental section

The review of the current state of the art reveals that existing electroless platinum deposition
processes suffer from several limitations that hinder their practical application. Despite these
challenges, electroless plating offers several advantages over conventional electroplating, including:
— Reduced complexity of the equipment required for deposition;
— No need of anode design and improved process flexibility;
— No need of external power supply and no issues related to current density inhomogeneities;
— Uniform coating deposition, even on substrates with complex geometries (see Figure 4.10,
where coating in (a) is obtained via electrolytic deposition and coating in (b) is obtained via
electroless deposition);
— Ease of deposition and no need of supporting electrolytes that increase the conductivity of the

solution, since deposition occurs uniformly wherever the substrate contacts the bath;

(a) (b)
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Figure 4.10: Comparison between coating uniformity in electrolytic deposition (a) and electroless deposition (b).

Given these advantages, there is a clear and urgent need to develop a more effective electroless
platinum plating bath. Such a solution should be capable of producing coatings with sufficient
thickness and performance to meet the demands of high-temperature industrial applications.

The first aim of this work is to study and develop a stable electroless platinum plating bath tailored
to industrial requirements. This includes the formulation of the plating solution, investigation of key
parameters affecting deposition stability, and evaluation of the resulting film characteristics. The
ultimate goal is to obtain high-quality platinum layers suitable for the subsequent formation of
aluminide coatings.

Once the optimal electroless platinum plating bath is established, this work will focus on the
manufacturing of electroless deposited Pt aluminides by a currently in use industrial process. After
each step of the manufacturing process, these will be compared with standard electrodeposited Pt

aluminides in terms of morphology, microstructure and phase composition. Eventually, phase
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evolution under high temperature exposure and protective properties against high temperature
oxidation will be evaluated and compared.

The third phase of the experimental work involves the development of an enhanced slurry aluminizing
process capable of improving aluminum distribution and enabling precise control over coating
microstructure. This process is further adapted to produce Pt aluminides. The newly developed
electroless platinum plating technique ensures excellent uniformity of the initial Pt layer, while the
enhanced slurry aluminizing process provides precise microstructural control. Together, these
advancements enable a systematic study of the influence of the initial Pt layer thickness on coating
behavior. This includes its effect on phase formation, evolution during long-term high temperature
exposure, and overall oxidation resistance. As a result, the work identifies the optimal balance
between platinum layer thickness, which directly relates to costs, and protective performance, guiding
the design of cost-effective, high-performance coatings for high-temperature applications.
Moreover, the unique advantages offered by the electroless deposition technique create new
opportunities for further enhancement of aluminide coatings through the introduction of additional
functional layers or through the incorporation of second-phase particles, enabling the development of
nanocomposite coatings with improved performance.

The fourth part of this thesis focuses on the modification of Pt aluminide coatings by introducing an
additional electroless-deposited pure nickel layer, applied after platinum deposition and before the
aluminizing step. This intermediate Ni layer is intended to alter concentration gradients and the
chemical activity of diffusing species during both the pre-aluminizing heat treatment and the
aluminizing process itself. These changes are expected to significantly affect the resulting
microstructure of the coating, particularly by enhancing the B-NiAl reservoir and improving the
mechanical properties of the outer regions of the Pt aluminide, which are otherwise prone to
brittleness.

The fifth and final part of the study explores the preliminary development of nanocomposite Pt
aluminide coatings reinforced with Al.Os nanoparticles. Due to the liquid phase nature of electroless
deposition, second-phase particles such as Al-Os can be directly suspended in the plating solution and
incorporated into the growing coating. When successfully embedded in the outer layers of the Pt
aluminide, these nanoparticles can serve as nucleation sites for the epitaxial growth of the
thermodynamically stable a-Al2Os; oxide scale. Compared to metastable Al.Os phases, a-AlOs is
denser, more adherent, and exhibits a significantly lower growth rate, contributing to enhanced
oxidation resistance. This section of the thesis will address the challenges associated with the
successful incorporation and uniform distribution of nanoparticles, as well as the preliminary

evaluation of their effect on the coating’s long-term oxidation behavior.

71



6. Materials and methods

6.1 Pt plating
Unless otherwise specified, all plating bath studies and experimental tests were conducted using
analytical grade chemicals purchased from Alfa-Aesar (Thermo Fisher Scientific, Waltham, MA,
USA), used as received without further purification. The main substrate material is Ren¢ N4 single
crystal nickel-based superalloy, used for all the experimental activity if not otherwise stated. This
alloy is known for its exceptional high-temperature strength and oxidation resistance and it is
commonly used as base material for turbine blades [201]. To evaluate coating applicability on
substrates of varying compositions, additional experiments were conducted using René¢ 108, GTD-
111, and Inconel 625 superalloys. Chemical composition of the substrates is reported in Table 6.1.
All substrates had a half-disc shape (2.54 mm in diameter, 2 mm thick) and were supplied by Nuovo

Pignone Tecnologie srl (a Baker Hughes company).

Ni Cr Co Ti \W4 Al Ta Mo Fe Hf

Rene N4 Bal. 8.4 9.5 0.7 9.5 5.5 3.0 0.5 / 1.5

Rene 108 Bal. 10.0 8.0 3.5 6.0 4.2 5.0 2.0 / 0.2
GTD 111 Bal. 13.5 9.5 4.75 3.8 33 2.7 1.53 0.23 /
Inconel 625 Bal. 20-23 1.0 0.4 / 0.4 / 8-10 5 /

Table 6.1: Chemical composition of the Ni-based superalloys used as substrate material for Pt plating.

According to the usual industrial procedure, prior to deposition samples were sandblasted with
corundum mesh 80 at a pressure of 6.2 bar and a blast distance of 100 mm. Each sample received 10
passes to uniformly increase surface roughness (Ra = 3.877 + 0.312 um). Higher surface roughness
promotes metal deposition by increasing surface energy [171] and enhances adhesion via mechanical
interlocking [202]. After sandblasting, samples were ultrasonically cleaned in acetone using an
Elmasonic S 30 (H) bath (37 kHz frequency, 80 W effective power) for 10 minutes, to remove any
sandblasting residue. Eventually, they are rinsed with deionized water just before immersion in the
plating bath.

The platinum plating bath composition was developed in a prior study by the same author [203], and

it is reported in Table 6.2.

Reagent Function
K>PtCly Pt source
Na;EDTA-2H>0 Complexing agent

N2H4-H20 Reducing agent
HCIl (37 vol%) pH regulator

Table 6.2: Chemical composition of the Ni-based superalloys used as substrate material for Pt plating.
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Electroless plating is based on the chemical reduction of metal ions by a reducing agent in aqueous
solution, resulting in the deposition of a metallic film onto a catalytic substrate. However, platinum
plating is particularly challenging due to the combination of platinum’s noble nature and the strong
reducing power of the reductants usually employed in electroless processes. Without careful control,
spontaneous bath decomposition may occur, leading to the formation of a fine dark grey or black
precipitate of platinum nanoparticles, which settle at the bottom of the container. To ensure bath
stability and controlled deposition, the use of a milder reducing agent, in combination with metal ion
complexation, is essential.
Hydrazine is a widely used reducing agent for electroless deposition of pure metals, effective in both
acidic and alkaline media. However, its high reducing power increases the risk of uncontrolled
platinum reduction and premature bath decomposition. In this work, hydrazine monohydrate,
purchased from Sigma-Aldrich (Merck KGaA, Darmstadt, Germany), was used. Hydrazine follows
two principal oxidation pathways::
N,H, » N, + 4H" + 4e~ (6.1)

N,H, »> N, + H, + 2H* + 2e~ (6.2)
Its redox potential is highly sensitive to both pH and temperature, as illustrated in Figure 6.1 [204].
This dependency allows the tuning of process conditions to achieve optimal and controlled deposition
behavior:
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Figure 6.1: pH and temperature dependance for hydrazine redox potential [204].

Potassium tetrachloroplatinate(Il) (K-PtCls) was used as the metal ion source in the electroless plating
bath. This compound consists of planar PtCls*>~ anionic complexes and potassium cations. The
platinum ions are contained within the anionic complex PtCls*, which has a reduction potential of

+0.73 V, lower than the +1.19 V potential of Pt** ions. This reduced potential is crucial for achieving
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deposition stability, as it narrows the redox gap between the oxidizing and reducing agents, allowing
finer control over the electron transfer kinetics and minimizing spontaneous bath decomposition.
The chosen complexing agent was disodium ethylenediaminetetraacetate (Na2EDTA-2H-0), selected
for its high solubility in water (96 g/L at room temperature), significantly greater than that of free
EDTA (around 0.5 g/L) [205]. Complexation plays a crucial role in bath stability and reaction
kinetics: when a ligand is present, metal deposition is not obtained by a direct charge transfer, but
rather an intermediate step of complex dissociation is required for formation of electroactive species
[173].

Despite EDTA complexation, the high reducing power of hydrazine can still trigger uncontrolled
reduction of platinum shortly after its addition, leading to bath instability and precipitation of Pt
nanoparticles (Figure 6.2)

Figure 6.2: Beginning of deposition just after introduction of the reducing agent (left) and bath decomposed after 15 seconds (right).

To mitigate this, pH regulation is critical. Experimental observations showed that a pH below 1 is
required to stabilize the plating solution and its precise influence on deposition will be discussed in
the next section. Hydrochloric acid (37 vol%), purchased from Sigma-Aldrich (Merck KGaA,
Darmstadt, Germany), is used to adjust the pH to the desired value. pH also influences EDTA’s
solubility and protonation state, as illustrated in Figure 6.3 [206]:
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Figure 6.3: Fraction of EDTA species as a function of pH value.

Under highly acidic conditions, EDTA exists in a fully protonated form and exhibits limited

complexing ability, predominantly acting as a bidentate ligand. When coordinated to platinum(II),
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EDTA can form tetradentate or bidentate complexes by sequentially displacing chloride ligands, first
with nitrogen atoms, followed by carboxylate oxygens [207]. However, in the conditions used here,
only the nitrogen atoms are likely to participate in bonding, forming a bidentate complex. A possible
structure of the Pt-EDTA complex is shown in Figure 6.4.
HOOCCH CH,CH CH,COOH
2>N Vann E\N Vs

Mo \CH,COOH
cr Cl

Figure 6.4: Possible chemical structure of the bidentate EDTA complex with platinum(Il) (referred as M™) [207].

-6H,0

HOOCCH:

To avoid bath decomposition, hydrazine must only be added to the plating solution only after the pH
has been adjusted and Pt-EDTA complex has formed. For this purpose, the bath constituents were
prepared in three separate aqueous solutions:

- Solution A, containing Na;EDTA-2H,0 dissolved in deionized water;

- Solution B, containing K>PtCls in deionized water, with pH adjusted using HCI;

- Solution C, containing NoH4-H>O in deionized water.
The three separate solution, as they were first famulated in [203], for 100 ml deposition solution are
given in Table 6.3. Stability in guaranteed by combining the solution in order: solution B into A

followed by the addition of C into the A+B mixture.

Solution A Solution B Solution C Dilution
Deionized water 30g 30g 25¢g I5¢g
Na;EDTA-2H>O 05¢g / / /
K>PtCl4 / 0.1561 ¢g / /
N2H4-H20 / / 0.1g /
HCI (37 vol%) 6.7¢g

Table 6.3: First formulation of the three solution making up 100 ml of the electroless Pt deposition bath.

Compound weights were measured using a METTLER TOLEDO™ MES54 analytical balance
(METTLER TOLEDO International Inc., Columbus, OH, USA), with capacity 52 mg; readability
and guaranteed repeatability 0.1 mg. The pH of the plating solution is monitored using a METTLER
TOLEDO™ Seven Excellence pH-meter model S400 with an InLab® Viscous Pro-ISM sensor.
Before immersion of the substrates, solutions were pre-heated to the desired deposition temperature
using an IKA™ C-MAG HS?7 digital hot plate (IKA-Werke GmbH & Co. KG, Staufen, Germany)
equipped with an ETS-D5 controller and a PT1000 sensor. Depositions were carried out in glass
beakers under constant magnetic stirring to prevent temperature and concentration gradients.
Deposition temperature was varied between 50 °C, 55 °C and 60 °C, to study its effect of the coating

process and on quality of the obtained coatings. Temperatures lower than 50 °C and higher than 60
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°C where not explored because of activation and stability issues, respectively. Subsequently, the
effect of pH, concentration of reagents (Pt salt, complexing agent and reducing agents) and bath
loading (defined as the ratio between volume of solution and surface area to be coated) were
investigated. Once an optimal bath formulation was established, the method’s versatility was assessed
by plating substrates with different chemical composition and its influence of plating rate was
explored. Eventually, a bath restoration procedure (commonly referred to as metal turnover) was

developed to replenish the consumed reactants and extend bath lifespan.

6.2 Manufacturing of Pt-aluminide coatings by industrial method

For the first part of the experimental activity, discussed in Chapter 7, electroless deposited and
electrodeposited Pt aluminides where compared and contrasted. To validate electroless method as a
reliable alternative to conventional electrodeposition for the preparation of Pt films prior to
aluminizing, all subsequent processing steps other than electroless deposition (i.e. electrodeposition
of Pt, pre-aluminizing diffusion and aluminizing) where conducted by Nuovo Pignone Tecnologie
srl, a Baker Hughes company, using the industrial protocols currently employed. Before Pt deposition,
René N4 superalloy substrates are sandblasted with corundum mesh 120 at 4-6 atm pressure with 15-
20 cm blast distance. Following sandblasting, the samples underwent sequential cleaning in deionized
water, acetone, and an ultrasonic bath at 70 °C for 25 minutes.

Pt electrodeposition was performed using with Johnson Matthey® Q-salt electrolyte solution,

depositing 10.7 mg/cm?

of Pt on each substrate. For comparison, an equivalent Pt loading was
achieved via electroless deposition at the Laboratory of Engineering of Materials and Surface
Treatments (LIMS) at Sapienza University of Rome. Assuming a bulk Pt density of 21.45 g/cm?, the
deposited mass corresponds to a theoretical film thickness of approximately 5 pm. This value is only
indicative, as porosity and structural imperfections reduce the effective density of the deposited layer,
making actual thicknesses slightly higher.

After Pt deposition, the pre-aluminizing diffusion heat treatment is performed in vacuum (< 5x107

mbar) with the following time-temperature schedule:

Intentionally left blank
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A graphical representation of the schedule is reported in Figure 6.5.

Intentionally left blank

Figure 6.5: Time-temperature schedule of the prior-alumininizing diffusion heat treatment.

This treatment is intended to dilute Pt from the outer layer, to uniform Pt concentration across the
resulting aluminide. If no diffusion heat treatment is performed, the top layer of the aluminide would
result in single phase PtAl; [106].
After the diffusion treatment, aluminizing is performed using the slurry method. Main components
of the slurry are:
- CrAl powders (with 55 wt% Cr content), with particle size 50-100 um, are used as aluminum
source;
- NH4Cl and AlF3 are used as activator salts, to create Al vapor phase and facilitate its diffusion
to the substrate;
- Binder (gel), used to mix the CrAl particles and the activator salts. It ensures that particles are
evenly distributed and that the slurry has the rheology for spraying.
Composition for 6 kg of slurry are reported in Table 6.4:

Intentionally left blank

Table 6.4: Formulation for 6 kg of slurry.
Before slurry application, samples were sandblasted using 220 mesh corundum. The slurry was
applied using an airbrush at 6.5 atm with a 45° angle and 50 cm standoff. Multiple passes were used
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to reach a 400—600 pum slurry thickness, with 1 h drying at 60 °C between passes. After the final coat,
samples were heated at 150 °C for 3 h to remove NHs.
The aluminizing heat treatment is performed under argon atmosphere (1000-1090 mbar) with the

following temperature-time schedule:

Intentionally left blank

This schedule is shown in Figure 6.6.

Intentionally left blank

Figure 6.6: Time-temperature schedule of the alumininizing heat treatment.

The first dwell allows aluminizing by Al reaction with the substrate, the second dwell promotes
interdiffusion and formation of the desired protective phases. It also serves annealing for the

superalloy, to promote the precipitation of secondary phases that increase mechanical strength.

6.3 Optimization of the slurry aluminizing process
The second part of the experimental activity, discussed in Chapter 9, aimed at the development of an
optimized slurry aluminizing process, at laboratory scale, with focus on the achievement of a more

uniform Al distribution and a precise control over coating microstructure. Ren¢ N4 nickel based
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superalloys are used as substrates and the same slurry recipe as the industrial process is adopted. The
process for slurry preparation and application, schematized in Figure 6.7, is the following:

1. NH4Cl was added to the polymeric binder. As soon as the two are mixed, the binder starts to
dissolve;

2. CrAlpowders and AlF3 are mixed together manually and added to the NH4Cl+binder solution,
followed by magnetic stirring for at least 30 min (Figure 6.7 (a));

3. The slurry is loaded into an Iwata G3 airbrush (Anest Iwata Corporation, Yokohama, Japan)
at room temperature (Figure 6.7 (b)) and sprayed onto the substrate at 0.3 MPa working
pressure (Figure 6.7 (c)) and 45° incidence angle.

Between each pass, the samples are dried in an oven at 60 °C for 1h; once the desired slurry amount
is deposited, the samples are heated at 150 °C for 3h, to remove residual NH3s.
Prior to slurry deposition, the substrates were sandblasted with corundum mesh 80, to guarantee the

same surface finishing and to promote slurry adhesion.
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Figure 6.7: Schematic representation of the main step of the slurry aluminizing process: (a) slurry preparation; (b) pouring of the slurry
in an airbrush; (c) spraying on the base superalloy; (d) aluminizing heat treatment.
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SEM micrograph and XRD analysis of as-received CrAl powder are reported in Figure 6.8 (a) and
(b), respectively. All peaks in the XRD spectra can be attributed to the AlsCrs intermetallic (JCPDS
29-0015), consistently with the 45 wt% Al and 55 wt% Cr nominal composition.

All peaks attributed to AlCr;

Intensity (a.u.)

20 30 40 50 60 70 80
20 Position (deg)

Figure 6.8: SEM-BSE micrograph (a) and XRD spectra (b) of as-received CrAl powders.

Figure 6.9 shows the cross-sectional SEM-BSE micrograph of the slurry layer (120 mg/cm?) after the
drying step at 150°C for 3h, along with the EDS map. The slurry layer appears uniform across the
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sample, with homogeneous distribution of CrAl particles. The F signal arises from the fluorine of the

AlF3 activator salt and is present all along sample cross section, though unevenly.
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Figure 6.9: SEM-BSE micrograph and EDS map of the slurry layer after drying at 150 °C for 3h.

Eventually, a two-step aluminizing process was performed in a Carbolite-Gero tube furnace
(Carbolite-Gero, Sheffield, UK) (Figure 6.7 (d). The first step, which allows aluminizing by Al
reaction with the substrate, is performed under argon flux at 0.5 L/min:

1. Heating up to 1100 °C at maximum ramp rate 5 °C/min;

2. Dwell at 1100°C for 4 h;

3. Cooling down to room temperature.
After this, samples are taken out the furnace and excess unreacted slurry is removed. The second step,
aiming promote interdiffusion and formation of the desired protective phases, is performed under
argon flux at 2.0 L/min:

1. Heating up to 900 °C at maximum ramp rate 5 °C/min;

2. Dwell at 900°C for 6 h;

3. Cooling down to room temperature.
To optimize the process, the effects of the amount of slurry deposited on the substrate (in terms of
mgsiurry/cM? sample) and of the amount of slurry present in the reaction chamber (in terms of
Mgsturry/CM> chamber) Were investigated. First, quantities equal to 80, 100, 120 and 150 mggurmy/cmsample
were studied, and best results were selected in terms of B-NiAl formation and distribution through the

thickness of samples. Once the best amount of deposited slurry was selected, the influence of slurry
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load in the reaction chamber was studied varying it between 1.63, 3.25, 6.50 and 13.0
Mgsturry/CM>chamber and the best results were selected in terms of microstructure and B-NiAl
distribution. A schematic representation of the investigated parameters is reported Figure 6.10:
Parameters investigated in the slurry optimization activity: (a) coverage effect, investigated by
varying the initial slurry layer thickness; (b) Vapor phase concentration effect, investigated by
varying the slurry amount in the reaction chamber.Figure 6.10.
For the manufacturing of Pt-modified aluminides, 10.0 mg/cm? of Pt were deposited onto the base
superalloy by electroless method and a the prior-diffusion heat treatment was performed according to
the industrial process at the Baker-Hughes "Nuovo Pignone Tecnologie srl" facility in Florence,
before slurry aluminizing.

(a) (b)
o Shurry [smll-iv> coated sample ]‘_Reacﬁm

1.63-13.0 mgslm‘ry/cmjchamber

|
Base superalloy [S I ]
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Figure 6.10: Parameters investigated in the slurry optimization activity: (a) coverage effect, investigated by varying the initial slurry
layer thickness; (b) Vapor phase concentration effect, investigated by varying the slurry amount in the reaction chamber.
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6.4 Coating characterization

Surface morphology, coating thickness and microstructure after all the manufacturing steps were
evaluated with a Field Emission Gun—Scanning Electron Microscope (FEG-SEM) Tescan Mira3
(Tescan, Brno, Czech Republic) equipped with an Edax Octane Elect Energy Dispersive X-Ray
Spectroscopy (EDS) system (Edax/Ametek Inc., Berwyn, PA, USA). Edax Team v.5 software was
used for elementary analysis.

Cross-sectional observation of samples was prepared by mounting in epoxy resin (EpoThin 2, Buehler
Ltd., Lake Bluff, IL, USA) and subsequent polishing with SiC papers (P400 grit to P1200 grit) and
water-based diamond suspension (up to 1 pm finishing) (Buehler Ltd., Lake Bluff, IL, USA).

The crystalline phases present in the coatings were investigated by X-Ray Diffraction analysis (XRD)
with a Philips X’Pert diffractometer (PANalytical BV, Almelo, The Netherlands), operating at 40 KV
and 40 mA with CuKa radiation. Minimum scan range of acquisition was 20—-80° (20), with a feed

step of 0.02° and acquisition time of 2 s.
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6.5 Manufacturing of electroless-Ni modified Pt-aluminides

The first modification of electroless-deposited Pt-aluminides was done introducing an external nickel
layer, after Pt deposition, also deposited by means of electroless method. Purpose of this additional
layer is to modify the concentration gradients during the pre-aluminizing diffusion heat treatment, to
promote Pt dilution and hinder the formation of brittle PtAl, phases in the outermost region of the
aluminide, aiming to create a single-phase -(Ni,Pt) al layer. In addition to altering phase formation,
the introduction of the pure nickel layer offers other microstructural and potentially oxidation-related
benefits. Specifically, it acts as an additional and localized Ni source during the aluminizing process,
leading to the formation of a thicker and more uniform B-NiAl bond coat [73]. This not only enhances
the reservoir of the protective phase, but also reduces Ni depletion from the underlying superalloy.
As aresult, two positive effects can be achieved: first, it limits the formation and growth of the initial
IDZ, which is typically characterized by chemical gradients and microstructural complexity; second,
and more critically, it helps suppress the formation of TCP phases. These form as a result of long-
term interdiffusion between the bond coat and the superalloy substrate, especially when elements
such as refractory metals (e.g., W, Mo, or Re) segregate due to Ni depletion. TCP phases are brittle
and can act as crack initiation sites, significantly compromising the mechanical integrity of the
component, particularly under creep conditions [102,208,209]. By mitigating Ni depletion from the
substrate, the added Ni layer indirectly limits the driving force for TCP formation, thus contributing
to improved long-term structural stability and creep resistance of the coated alloy.

The solution for electroless nickel deposition is prepared according to [210], and bath composition is

reported in Table 6.5.

Compound Concentration (g/L) Function
KHCO3 45.00 Complexing agent
N2H4-H>O 31.30 Reducing agent
K>COs 61.90 Complexing agent
NiCls6H,0O 23.76 Metal ion source
K>HPO4 87.00 Buffer
KOH 19.56 pH regulator

Table 6.5: Formulation of the electroless nickel plating bath.

First, a solution comprising KHCO3 and NoH4-H2O is prepared in 334 ml of deionized water and kept
under magnetic agitation for 4 h, after which K>COs is added to form hydrazine-carboxylate
(N2H3COOQO™), a compound having a lower redox potential that pure hydrazine. Nickel chloride is then

dissolved in about 34 ml of deionized water and added to the mixture to form the metal ion complex.
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Eventually a solution comprising K;HPO4 and KOH in prepared in 166 ml of deionized water and
added to the mixture to control its pH.

Pt-plated Ren¢ N4 superalloy is used as substrate. Before immersion in the plating bath, samples are
carefully rinsed in deionized water. A fresh plating solution was prepared for each deposition and the
substrates were immersed in the solution pre-heated at 80 °C. Deposition was performed under
continuous magnetic stirring, and deposition time was varied between 0.5 h and 4h according to the
required thickness of the coating: samples with pure Ni coatings of 5, 10, 20 and 40 um thickness
were prepared, to evaluate the effect of thickness on coating microstructure, phase formation and

oxidation resistance. Deposition parameters are reported in Table 6.6.

Parameter Value
Temperature 80 °C
pH 11
Bath loading 55 ml/cm?
Plating rate 10 um/h

Table 6.6: Deposition parameters for electroless pure nickel plating.

SEM micrograph of the typical structure of the Pt/Ni bilayer is reported in Figure 6.11 (a). EDS maps
are shown in Figure 6.11 (b), (c¢) and (d), to confirm purity of each layer.

(a) (b)

Electroless Ni
7

Electroless Pt

-~ René N4 superalloy

)

Figure 6.11: SEM-BSE cross sectional micrograph of the electroless Pt/Ni bilayer (a). EDS map showing element signal overaly (a),
Pt signal only (b) and Ni signal only (c).
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6.6 Manufacturing of Al2O3 nanocomposite Pt-aluminides
For the fabrication of Pt-aluminide nanocomposites, commercial a-Al,O3 nanoparticles with an
average particle sizes of 78 nm were purchased from NanoGrafi (Nanografi, Cankaya/Ankara
Turkey). SEM micrographs of the as-purchased nanoparticles are shown in Figure 6.12 (a).The
chemical purity of the nanoparticles was confirmed by the EDS analysis reported in Figure 6.12 (b),

which revealed only peaks corresponding to aluminum and oxygen.
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Figure 6.12: SEM micrographs (a) and EDS analysis (b) of as-purchased Al2O3 nanoparticles.

The particle size distribution (PSD), derived from over 230 measurements taken from SEM images,

is presented in Figure 6.13. The calculated mean size was 79.3 nm.
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Figure 6.13: PSD of as-purchased Al2O3 nanoparticles.

ALO3 nanoparticles were selected for their expected function as nucleation sites for the epitaxial
growth of the thermodynamically stable a-Al-Os oxide scale. Additionally, thanks to their high (-
potential, they are expected to be relatively easily dispersed in the electroless solution, preventing
agglomeration into large clusters [211].

Nanoparticles were dispersed in deionized water to create suspensions at concentrations of 0.25 g/L,
0.5 g/L, 1.0 g/L, and 1.5 g/L. Before addition to the plating bath, each suspension was ultrasonicated
using a Fisher Scientific 505 tip sonicator at 20% intensity for 10 minutes to break up agglomerates

and improve dispersion. For each 100 mL of Pt plating solution, 5 mL of nanoparticle dispersion was
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added after 10 minutes of pure Pt deposition. The pH was then adjusted with HCI (37 vol%) to restore
optimal plating conditions. With the addition of nanoparticles, the platinum plating solution appears

more whitish and opaque, as shown in Figure 6.14.

BORO 3.3

RASOTHERM®

Figure 6.14: Electroless platinum plating solution after the addition of Al2O3 nanoparticles.

According to the model proposed by Ger et al. [212], nanoparticle incorporation into the coating
proceeds through a three-step mechanism:

1. Transfer of particles from the bulk solution to the substrate via forced convection;

2. Loose adsorption onto the cathode surface;

3. TIrreversible entrapment into the growing metal matrix, given adequate residence.
The use of finely dispersed nanoparticles, which can be easily kept in suspension, can aid their
adsorption onto the substrate and incorporation within the growing coating. The volume fraction of
incorporated particle was measured by an image processing and analysis MATLAB routine (v.
R2022b, The MathWorks Inc., Natick, MA, USA) opportunely developed. The image analysis
procedure (schematized in Figure 6.15) aims to precisely identify AloO3 nanoparticles in the coating
and is based on the compositional contrast between the Ni matrix and Al2O3 nanoparticles. Al2O3
appears darker in BSE images compared to the metal matrix (Figure 6.15 (a)), therefore, binarizing
according to the proper color threshold in the grayscale can enable the precise identification of
particles (Figure 6.15 (b)). Figure 6.15 (c) show the process output with red spots corresponding to
particles superimposed to the original SEM micrograph, to prove the good matching. Detailed
description of the quantitative image analysis procedure is reported in a previous work by the same

author [213].
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Figure 6.15: Representation of the quantitative image analysis procedure for identification of particles: (a) original SEM-BSE
micrograph; binarizing process for particles identification (b); routine output with particles (c) reported in red and superimposed on the
original micrograph, to demonstrate the good matching.

Nanoparticles incorporation (i.e., Al2O3 content value within the coating) can be quantified and are
expressed as area fraction (A%). This parameter is defined as the ratio between the cross-sectional
area occupied by nanoparticles and the area of the analyzed cross-section. Area fraction can be
considered equal to the volume fraction when spherical-like shapes are considered [214], which is
the case AlLO3 particles. Agglomeration of particles can also be calculated and expressed in terms of
mean number of particles per agglomerate. This parameter is calculated as the ratio between the mean
measured size of embedded reinforcement and the mean size of purchased particles (79.3 nm), and
will be indicated with Na: the higher Na, the higher is the degree of nanoparticles agglomeration
within the coating. The best concentration of particles to be incorporated in the coating is selected as
the one that maximizes %A and the minimizes Na.

After deposition of the Pt nanocomposite layer, aluminide coatings are manufacture by the slurry

method, with the diffusion and aluminizing schedules described in section 6.2.

6.7 Isothermal oxidation tests
Isothermal oxidation tests were conducted in static air at 1100 °C using a Lenton tube furnace
(currently Carbolite-Gero, Sheffield, UK) to evaluate the high-temperature oxidation behavior of the
prepared aluminide coatings. The total exposure time was 1000 hours, divided into alternating cycles
of 7 and 14 hours for the initial 105 hours. Beyond this period, each cycle lasted 100 hours.
Specimens were introduced into the preheated furnace gradually, with a mean heating rate of
50 °C/min. At the end of each cycle, they were removed and air-cooled to room temperature at a
controlled rate of 5 °C/min to minimize thermal shock. After cooling, the samples were stored in a
desiccator containing silica gel to prevent moisture absorption.
Mass change due to oxide scale growth and/or spallation was recorded after each cycle using a Mettler
Toledo analytical balance with a resolution of £0.0001 g. For each coating type, at least four samples
were tested, and results are presented as mean values with standard deviations.
To compare electroless and electrodeposited Pt-aluminide coatings, cross-sectional SEM

observations and X-ray diffraction (XRD) analyses were conducted alternately every 7 and 14 hours
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during the first 105 hours, and subsequently every 100 hours until 1000 hours were reached. For
modified coatings, SEM and XRD evaluations were performed at 100 hours intervals throughout the

entire test duration.
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7. Study of the electroless Pt plating solution

Solutions for electroless platinum plating are prepared at room temperature under constant control
over pH. Substrates are immersed after reaching the operating temperature and main streps of the
plating process are illustrated in Figure 7.1.

Deposition starts immediately upon substrate immersion, evidenced by the formation of small gas
bubbles on the surface of the sample (Figure 7.1, left). These bubbles result from the oxidation of
hydrazine to nitrogen gas (N2), indicating the onset of redox reactions. Initially, the bubbles are small
and persistent, but as the deposition progresses, a mild effervescence can be observed. In the early
stages deposition the coating appears black and non-reflective (Figure 7.1, center), but as it thickens,

its appearance transitions to white and bright (Figure 7.1, right).

Figure 7.1: Stages of the Pt plating process on Rene N4 nickel based superalloy.

This visual transformation reflects the underlying microstructural evolution of the coating during
growth. Initially, deposition occurs preferentially at catalytic high-energy surface sites, where
platinum nanoparticles nucleate (Figure 7.2 (a)). These particles subsequently grow and coalesce
laterally to form a continuous platinum monolayer (Figure 7.2 (b)) [215]. The initial black color can
be attributed to the particular light absorption and scattering behavior of the nanostructured surface.
As deposition continues, the platinum nodules enlarge and the surface flattens (Figure 7.2 (c)), leading

to a brighter and more reflective (white) appearance.

Figure 7.2: Nucleation and growth mechanism of the Pt film: (a) Pt nanoparticles nucleating at catalytic sites; (b) growth and
coalescence of Pt particles; (c) morphology of the thick Pt layer.
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Given the autocatalytic nature of the process, platinum itself catalyzes further deposition. The reaction
proceeds as long as thermal energy is supplied and Pt ions remain available in solution. As the
deposition advances, the plating solution gradually becomes lighter in color, as shown in Figure 7.3,

reflecting the depletion of Pt ions.

,‘

Figure 7.3: Plating solution after deposition, depleted from Pt ions.

7.1 Effect of temperature and pH

Temperature acts as the driving energy source for electroless deposition, influencing both the
reactivity of chemical species in solution and the kinetics of the plating process. As such, deposition
temperature significantly affects the plating rate, coating microstructure, and surface morphology. In
general, higher temperatures accelerate the deposition rate and promote faster film growth. However,
excessive reactivity at elevated temperatures can trigger uncontrolled deposition reactions, resulting
in non-uniform coatings with poor adhesion. Moreover, deposition may occur on unintended surfaces
(e.g. scratches on the beaker) or even lead to premature bath decomposition.

Deposition can initiate at temperatures as low as 40 °C, but at such low temperatures, the plating rate
is too slow to meet industrial requirements. Conversely, when the temperature exceeds 60 °C, the
process becomes difficult to control, often yielding non-adherent and defective coatings. Therefore,
to find a good compromise between deposition rate and coating quality, the effect of temperature was
systematically investigated in the range of 50-60°C. Two platinum salt concentrations were
evaluated: 1.5 g/L and 3.0 g/L, both equimolar with the complexing agent to ensure bath stability.
Figure 7.4 (a) presents the plating rate curves for a Pt salt concentration of 1.5 g/L. The curves for
55 °C and 60 °C overlap closely during the first hour of deposition, suggesting similar initial kinetics.
However, after this period, the plating rate at 55 °C noticeably slows down. A gradual reduction in
plating rate over time is expected due to the consumption of Pt** ions; however, the change in slope
observed at 55 °C suggests that a higher energy input becomes necessary once the Pt** concentration
drops below a critical threshold. In contrast, the curve at 50 °C shows a nearly linear trend, but the

deposition rate is significantly lower. This indicates that at 50 °C, the energy input is insufficient to
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sustain faster deposition kinetics, and no substantial effect from Pt depletion is observed within the
2-hour timeframe, likely because the ionic concentration remains relatively high throughout.

To further examine the influence of Pt>* depletion on deposition kinetics as a function of temperature,
experiments were repeated using a doubled Pt salt concentration of 3.0 g/L. The results, shown in
Figure 7.4 (b), confirm that increased Pt availability leads to substantially faster deposition at all
temperatures. In this case, the plating rate curves at 55 °C and 60 °C remain nearly identical over the
entire 2-hour period, reinforcing the conclusion that Pt** concentration plays a critical role in
sustaining high deposition rates when sufficient thermal energy is provided. The deposition at 50 °C
still proceeds at a significantly slower rate, consistent with the results obtained at lower concentration,
thereby highlighting the limiting role of temperature in determining plating efficiency when energy

intake is too low.
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Figure 7.4: Plating rate curves as a function of temperature for Pt salt concentration in the plating solution equal to 1.5 g/l (a) and 3.0
g/l

To more precisely identify the optimal deposition temperature, the influence of temperature on
coating quality was examined for samples deposited at 55 °C and 60 °C, which exhibited similar
plating rates. Surface morphology of coating deposited at 60°C is shown in Figure 7.5 (a). The film
appears extensively cracked and displays poor adhesion in several areas, with visible regions of
spallation where the underlying substrate is exposed. The higher magnification micrographs in Figure
7.5 (b) reveals the presence of Pt nanoparticles on the exposed substrate surface, suggesting that
spallation occurred during deposition, followed by renewed nucleation and growth on the newly
exposed areas. The rise in the bath temperature increases the reaction rate but at the same time it
compromises the bath stability [216]. Although some cracks are also observed in the coating
deposited at 55 °C (Figure 7.5 (c¢) and (d)), the deposition appears uniform, and no regions of
delamination or detachment are visible. The formation of tensile stresses during Pt deposition is a
well-documented phenomenon, particularly in electrodeposited films [217,218]. These stresses are

primarily attributed to the entrapment of gas bubbles (e.g., H2 or N2) or other stress-inducing species
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during growth. At 60 °C, the increased energy input accelerates the reaction rate, which likely
amplifies stress accumulation, ultimately leading to cracking and partial detachment of the Pt layer,

thus compromising coating integrity.

Figure 7.5: SEM-BSE top view micrographs of Pt coatings deposited at 60°C (a, b) and 55°C (c, d).

Cross-sectional SEM micrographs, reported in Figure 7.6, support the above observations. Despite
exhibiting similar thicknesses, consistent with the plating rate curves, the coating deposited at 60 °C
(Figure 7.6 (a)) is characterized by the presence of through-the-thickness cracks and visible internal
interfaces, indicating regions where spallation and subsequent re-deposition occurred. In contrast, the
coating deposited at 55 °C (Figure 7.6 (b)) appears dense, continuous, and adherent throughout the
cross-section, confirming superior coating quality when deposition is performed at the lower

temperature.

91



(b)

Figure 7.6: SEM-BSE cross sectional micrographs of Pt coatings deposited at 60°C (a) and 55°C (b).

pH is a critical parameter for maintaining the stability of the electroless plating bath, as it significantly
affects the reducing power of hydrazine. While it was observed that bath stability is generally ensured
at pH values below 1, pH also influences coating growth and plating rate. To investigate this effect,
experiments were conducted at 55 °C using a platinum salt concentration of 3.0 g/L (equimolar with
the complexing agent). The pH was systematically lowered to a minimum value of 0.5, and the results
are presented in Figure 7.7. A clear trend is observed and the plating rate decreases with decreasing
pH value. This behavior can be attributed to the reduction in the potential difference between
hydrazine and the platinum ions at lower pH values, which diminishes the thermodynamic driving
force for metal reduction. However, at pH equal to 0.5, the deposition process becomes unstable, and
large sections of the coating delaminate from the substrate. This suggests that pH not only influences
reaction kinetics but also plays a role in the development of tensile stresses during film growth.
Although the extent of surface cracking does not appear to vary significantly with pH, the severe
spallation observed at very low pH indicates a threshold below which stress buildup compromises

coating adhesion.
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Figure 7.7: Plating rate as a function of pH value of the electroless Pt plating solution.
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7.2 Effect of concentration of reagents
The concentration of reagents in the plating solution directly affects their chemical activity and the
rate of the deposition reactions. Higher concentrations result in a greater number of reactive species,
increasing collision frequency and the likelihood of successful redox reactions. As a result, reagent
concentration influences not only the overall coating growth rate but also its morphology.
To evaluate the role of each component in the plating process, the effects of varying the
concentrations of the complexing agent, platinum salt, and reducing agent were systematically
investigated.
The first parameter studied was the concentration of the complexing agent. To assess how the degree
of complexation influences deposition, the concentration of the complexing agent was varied while
keeping the platinum salt concentration constant. Three ratios were examined: half-molar, equimolar,
and double-molar relative to the platinum salt. Concentrations of complexing agent lower of this
threshold increase the probability of uncontrolled reduction of Pt** to metallic nanoparticles, while
higher concentrations approach the solubility limit of EDTA in acidic conditions.
The effect of Na2EDTA concentration on plating rate is shown in Figure 7.8. The faster plating rate
is observed at lower concentrations of the complexing agent; as its concentration increases, the
deposition rate gradually decreases. This is consistent with literature findings [171,219], which show
that increasing complexation reduces the amount of free metal ions available for reduction and lowers
their redox potential, thus slowing down the reaction kinetics. However, while lower degrees of
complexation yield faster deposition, they also reduce the control over bath stability, increasing the
risk of uncontrolled nanoparticle formation or unwanted deposition on container surfaces.
A mild reduction in plating rate is observed after 60—90 minutes of deposition, likely due to the
gradual depletion of Pt** ions. This effect is more pronounced when the complexing agent
concentration is lower, likely due to faster ion consumption in the first half of process. As a result,
the total mass gain after 2 hours is similar across all three formulations, despite initial differences in

plating rate.
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Figure 7.8: Plating rate curves for different Na2EDTA concentration (expressed as ratio with the Pt salt concentration).

In addition to deposition rate, complexation strongly influences coating morphology. At lower
complexing agent concentrations, the surface morphology is dominated by a high density of small Pt
nodules, as shown in Figure 7.9 (a). As the concentration of complexing agent increases (Figure 7.9
(b) and (c)), the nodules grow larger and the surface becomes progressively smoother. This trend can
be explained by nucleation phenomena: with more free metal ions available at lower complexation,
more nucleation sites are activated, resulting in finer nodule structures due to limited lateral growth
of each nucleus. Conversely, higher complexation favors slower nucleation but allows more extensive
growth and coalescence of fewer nuclei, producing a smoother coating surface [220,221].

These results confirm that the degree of complexation plays a central role not only in controlling
deposition kinetics but also in defining the microstructure and surface characteristics of the resulting

Pt coatings.
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Figure 7.9: SEM-BSE micrographs of morphology of coatings with different complexing agent ratios: (a) half-molar, (b) equimolar,
and (c) double-molar relative to the platinum salt.

The concentration of platinum salt in the plating solution plays a critical role in determining both the
kinetics and efficiency of the deposition process. Specifically, it governs the availability of Pt* ions
for reduction and influences their electrochemical reduction potential, as described by the Nernst
equation [222]. Higher concentrations of platinum salt increase the thermodynamic driving force for

reduction, enhancing the plating rate.
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In this study, the effect of K2PtCls concentration was investigated while maintaining equimolarity
with the complexing agent (Na,EDTA), to ensure complete complexation of Pt>* ions and minimize
the risk of uncontrolled reduction and nanoparticle precipitation. Four concentrations were tested:
1.5, 3,4, and 5 g/L. The corresponding plating rate curves are shown in Figure 7.10.

As expected, the plating rate increases with increasing platinum salt concentration. The curves exhibit

similar shapes, with higher concentrations resulting in steeper slopes, indicating faster coating

growth.
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Figure 7.10: Plating rate curves for different K2PtCls concentration.

The total amount of platinum deposited over a 2-hour deposition period, shown in Figure 7.11,
follows an almost linear trend with respect to KoPtCls concentration. A least-squares linear fit yields
a correlation coefficient, Reor, of 0.998 and a slope of 1.47 (y = 1.47x), demonstrating strong

correlation between metal ion concentration and deposited mass.
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Figure 7.11: Total amount of platinum deposited over a 2-hour deposition period; dashed line represents linear fitting of data.

Despite differences in deposition rate, no significant variations in coating morphology were observed
across the different concentrations. This suggests that under equimolar complexation conditions,
morphology is primarily governed by the degree of complexation and not by the absolute
concentration of Pt*". As a result, the primary benefit of increasing platinum salt concentration is
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achieving greater coating thickness within a shorter time frame. However, while higher
concentrations improve deposition rate, they must be balanced against economic and practical
considerations. Excessively high Pt concentrations may not be fully utilized, especially in the frame
of Pt layers for aluminide coating modification, reducing the overall efficiency of the bath. From an
industrial perspective, the optimal concentration should be selected based on the desired coating
thickness and process duration, aiming to maximize bath efficiency (i.e., the ratio of Pt deposited to
Pt initially available in solution). Additionally, overly concentrated solutions may approach stability
limits, further emphasizing the importance of balancing deposition rate with bath stability and cost.
Finally, the effect of hydrazine concentration on the electroless platinum deposition process was
investigated. Hydrazine concentrations of 2.0, 2.5, 3.0, and 3.5 g/L were tested, while keeping
platinum salt concentration constant at 3.0 g/ and maintaining equimolar Na2EDTA, to ensure bath
stability through full complexation. Although all selected concentrations correspond to an excess of
reducing agent relative to Pt**, it was observed that at concentrations lower than 2 g/L. uniform
coatings could not be achieved, likely due to insufficient reducing power to drive consistent
nucleation and growth. Conversely, when hydrazine concentration exceeded 3.5 g/L, the reaction
became too vigorous and uncontrollable, leading to uncontrolled Pt reduction.

Interestingly, plating rate curves showed no significant variation with changing hydrazine
concentration across the tested range. This result contrasts with common literature findings for other
electroless systems, where plating rate typically increases with the concentration of the reducing agent
[223-225]. However, Steinmetz et al. [188] observed a similar trend for the electroless deposition of
noble metals, reporting that hydrazine concentration had minimal effect on the growth rate. This can
be explained by the fact that, once a certain threshold is reached, further increases in reducing agent
concentration do not contribute to faster deposition because the process becomes limited by other
factors, such as the rate of Pt*>* diffusion or the surface reaction kinetics [221].

Although hydrazine concentration did not influence the plating rate, it had a notable impact on the
morphology and integrity of the deposited coatings. Figure 7.12 presents SEM top-view micrographs
of coatings obtained using 2.0 (a), 2.5 (b), 3.0 (c), and 3.5 (d) g/L hydrazine. Coatings deposited at
the lowest hydrazine concentration exhibit large regions of spallation and poor adhesion. As
hydrazine concentration increased, the degree of cracking progressively decreased, reaching a
minimum at 3.0 g/L. However, further increasing the concentration to 3.5 g/L led to a renewed
increase in cracking and surface damage. This non-monotonic trend suggests that hydrazine
concentration affects the internal stress state of the coating during deposition. It can be hypothesized
that at lower hydrazine concentrations, the deposition struggles and could possibly proceed non-

uniformly, resulting in heterogeneous stress distribution and weak bonding to the substrate. As the
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concentration increases to an optimal range (around 3.0 g/L), the reaction proceeds more uniformly,
promoting more consistent grain growth and reducing internal tensile stresses. However, at even
higher concentrations, the rapid and exothermic nature of the reaction could lead to the entrapment
of gas (e.g., nitrogen or hydrogen) within the growing film, thereby increasing internal stresses and
leading to cracking. Excessive hydrazine may increase the generation of nanoscale gas bubbles during
the reduction of Pt**, which are embedded in the growing film and can interfere with crystal growth,
contributing to microvoids, roughness, or local delamination, all of which can negatively affect

coating integrity.
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Figure 7.12: Surface morphology of Pt coating deposited with different concentrations of hydrazine: (a) 2.0 g/L, (b) 2.5 g/L, (c) 3.0
g/L and (d) 3.5 g/L.

Based on the above investigations, the best plating parameters, identified to achieve a reliable
compromise between plating rate, bath stability, and coating quality, are: 4.0 g/L of KoPtCly, 0.34 g/L
of Na,EDTA-2H,0 (equimolar with Pt salt) and 3.0 g/l of NoH4'H>O, with 55 °C deposition
temperature and 0.85 pH. From now on, all deposition are performed with this bath formulation, if

not otherwise specified.
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7.3 Effect of bath loading
The influence of bath loading, defined as the ratio between the volume of plating solution and the
surface area to be coated (expressed in mL/cm?), was investigated to evaluate its impact on the
deposition process. Experiments were performed using a sample with a surface area of 9.2 cm?,
immersed in 75 mL, 100 mL, and 250 mL of plating solution, corresponding to bath loadings of 8.14,
10.87, and 27.17 mL/cm?, respectively.
Bath loading directly affects the availability of platinum ions per unit area, which in turn influences
both the plating rate and the impact of Pt depletion from the plating solution over time. As shown in
Figure 7.13, increasing bath loading results in a higher total mass gain after 360 minutes of deposition.
This trend is expected, as a greater volume of solution provides more Pt ions, thereby sustaining the
reaction for a longer duration and mitigating the slowdown typically caused by ion depletion.
Interestingly, a different behavior is observed during the initial phase of deposition (first 2 hours). At
lower bath loadings, the initial plating rate is higher. This effect can be attributed to the role of
catalytic surface area in initiating the redox reaction. A minimal amount of catalytic surface is
required to effectively trigger the deposition process. When the surface-to-volume ratio is too low (as
in the high-bath-loading condition), the system may struggle to achieve a sufficient activation
threshold, leading to a slower onset of the deposition process. In contrast, smaller volumes with the
same surface area promote a faster activation of the redox reactions, enhancing the initial growth rate.
However, as deposition progresses, Pt ion availability becomes the rate-limiting factor, which is more
evident at lower bath loadings. For instance, deposition becomes slower than that of 27.17 ml/cm?
after approximately 60 minutes at 8.14 mL/cm? and after 120 minutes at 10.87 mL/cm?, due to the
faster depletion of Pt ions in the more limited solution volumes.
It is also important to point out that plating rate is not expected to increase indefinitely with bath
loading. Beyond a certain threshold, the surface becomes saturated with catalytic sites, and the rate
of metal ion reduction is limited by the reaction kinetics at the surface, rather than the bulk

concentration of 1ons in the solution [210].
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Figure 7.13: Plating rate curves at different bath loading.

7.4 Flexibility over different substrate composition
Electroless deposition processes are highly sensitive to the chemical composition and surface
condition of the substrate, which must exhibit catalytic activity to initiate and sustain metal reduction.
Surface contaminants, especially non-conductive species or oxides, can significantly inhibit
deposition. In conventional Ni-P electroless systems, for instance, steel substrates often require
activation treatments, such as acid pickling in HCI, to remove native oxides and ensure a clean,
reactive surface [171].In this study, however, no activation step was performed prior to deposition
due to the extremely acidic nature of the Pt plating bath, which inherently promotes oxide removal
and ensures catalytic surface conditions.
To evaluate substrate effects, electroless Pt deposition was performed on four Ni-based superalloys
with varying chemical compositions and microstructures: René 108, René N4, GTD 111, and Inconel
625. These alloys have progressively increasing chromium (Cr) content, equal to 8.4 wt%, 10 wt%,
13.5 wt%, and 20-23 wt%, respectively, which is known to influence passivation behavior. Higher
Cr content increases the alloy's tendency to form passive oxide layers that hinder the initiation of
deposition [226].
Figure 7.14 presents the plating rate curves for each substrate, while Table 7.1 summarizes the
average plating rates over 240 minutes. It can be observed that the plating rate decreases with
increasing Cr content, consistent with the greater passivation tendency of Cr-rich surfaces.
However, the deposition dynamics vary significantly among substrates. René 108 exhibits a rapid
initial deposition, with fast coating growth within the first 30 minutes. The rate then slows, likely due
to Pt ion depletion in the bath. René N4 and GTD 111 exhibit a similar trend, with almost linear

deposition over the first hour for the former and for the first 2h hours for the latter. Inconel 625, with
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the highest Cr content, displays a nearly linear deposition rate throughout the entire process,
suggesting a delayed initiation due to extensive surface passivation.

These differences can be attributed to the formation of chromium-rich passive films on the alloy
surfaces. At higher Cr contents, fewer active nucleation sites are initially available, slowing the onset
of autocatalytic deposition. However, once a continuous Pt monolayer is established, the deposition
becomes autocatalytic and proceeds uniformly, regardless of the original substrate.

These differences in deposition behavior can be primarily attributed to the chromium content in the
superalloys. Higher Cr content increases the tendency of the substrate to form a thin, passive oxide
layer, which impedes the initial reduction of Pt ions and delays the onset of deposition. Despite this,
the high acidity and strong reducing environment of the plating solution enable deposition to initiate
at a limited number of active catalytic sites. From these initial sites, the Pt coating gradually expands
laterally, eventually forming a continuous autocatalytic monolayer. In alloys with higher Cr content,
the density of nucleation sites is lower, meaning that it takes more time to establish the continuous Pt
layer. This results in a slower initial deposition rate. However, once the monolayer is complete,
deposition proceeds in an autocatalytic manner and becomes largely independent of the substrate's
original surface chemistry. Nevertheless, plating rate curves differ across substrates, even after
monolayer formation. This is due to the varying rates of Pt ion consumption in the solution. Alloys
with faster initial deposition (e.g., René 108) deplete the available Pt ions more quickly, leading to a
noticeable slowdown in the later stages of deposition. In contrast, substrates like Inconel 625, with
slower initial rates, experience more gradual Pt consumption, allowing a more consistent growth rate
throughout the process. This is further illustrated by the intersection of the plating curves for René
N4 and GTD 111 after 90 minutes, which aligns with their respective Cr contents: René¢ N4, with
lower Cr, initiates deposition more rapidly, whereas GTD 111, with higher Cr, begins more slowly

but maintains a more consistent growth rate over time).
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Figure 7.14: Plating rate curves minutes for deposition over different Ni-based superalloys.
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Average plating rate over 240

Substrate min (um/h)
Rene 108 2.10
Rene N4 1.78
GTD 111 1.82
Inconel 625 1.67

Table 7.1: Average plating rates over 240 minutes for deposition over different Ni-based superalloys.

To confirm that deposition becomes uniform once the monolayer is formed, SEM micrographs of
coatings on each substrate are shown in Figure 7.15. All coatings exhibit the characteristic
cauliflower-like morphology and a similar degree of cracking, suggesting that growth stresses are
also comparable across substrates. The only notable difference is that the coating on Rene 108
displays a finer, more refined morphology, with smaller nodules. This supports the hypothesis that
higher initial nucleation activity occurs on this substrate: the greater number of active nucleation sites
promotes the formation of numerous small nodules and, as a result, nucleation is favored over lateral

growth, leading to a more refined nodular structure.

Figure 7.15: SEM top view micrographs showing morphology of Pt coatings deposited onto Ren¢ 108 (a), René N4 (b), GTD 111 (c)
and Inconel 625 (d).
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7.5 MTO

The results discussed above highlight the crucial influence of platinum ion concentration and its
gradual depletion on the electroless plating rate. Moreover, a minimum concentration of Pt ions is
essential to initiate the autocatalytic deposition process. To develop a process suitable for industrial-
scale applications, it is vital to ensure a stable deposition rate, extend bath lifespan, and improve
process efficiency (i.e., the yield of deposited Pt relative to the Pt available in solution). For this
reason, implementing a metal turnover (MTO) strategy, aimed at replenishing the consumed reagents
in the plating bath, is a key step toward improving cost-effectiveness and minimizing waste.

As shown in Figure 7.16, the plating rate curve for electroless Pt deposition on René N4 superalloy
exhibits a parabolic trend, with a correlation coefficient of 0.995 (fitting the equation x = 5.221y* —
0.0354y). This is characteristic of processes governed by Pt ion diffusion from the bulk solution to
the substrate surface [227]. In such diffusion-limited systems, the gradual depletion of Pt ions results
in a continuous decline in plating rate. To mitigate this effect and ensure a near-constant deposition
rate over time, a controlled regeneration procedure is necessary to restore the initial concentration of

metal ions and reactants.
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Figure 7.16: Plating rate curve on René N4 superalloy substrate and fitting of experimental data to confirm the parabolic rate.

The development of the MTO  process focused on four key  aspects:
(1) identifying appropriate reagents to replenish both the complexed Pt ions and the reducing agent;
(11) integrating a pH adjustment step to maintain solution stability; (iii) defining the timing and method
of addition to ensure consistent deposition while preserving operational simplicity; and (iv) verifying
the absence of contamination in the coating after regeneration.

Experimentally, under the optimized plating conditions (4.0 g/L K2.PtCls, 3.4 g/L Na:EDTA-2H-0,
3.0 g/L N2Ha4-H:0 at 55 °C and pH 0.85, with a bath loading of 10.7 mL/cm?), approximately 60 mg
of Pt (0.0003075 mol) are deposited over 180 minutes in a 100 mL solution. Based on the overall

redox reaction:
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2PtCl2~ + N,H, — 2Pt + 8Cl™ + 2H, + N, (7.1)

around 1.5377 x 107* mol of hydrazine are consumed and must be replenished.
Since Pt ions cannot be safely added to the plating solution in their free ionic form due to the risk of
uncontrolled nanoparticle precipitation, they must be pre-complexed with Na:EDTA-2H>O in
equimolar ratio. Therefore, the regeneration requires adding:

e 0.1556 g KoPtCls

e 0.1317 g Na2EDTA-2H-0

e 0.0094 g N-H4-H-O
These reagents must be dissolved in 20 mL of distilled water before being added to the plating bath.
This additional volume increases the total bath volume and slightly dilutes reagent concentrations.
To compensate, extra quantities must be added proportionally:

e 0.08 g KoPtCls

e 0.068 g Na:EDTA-2H-0

e 0.06 g N-Ha-H20
Thus, the total amount of reagents to be added for full regeneration becomes:

e 0.2357 g KoPtCls

e 0.1997 g Na2EDTA-2H-0

e 0.0694 g N-H4-H-O
Maintaining the pH at 0.85 is essential for bath stability. However, the small volumes involved at
laboratory scale prevent accurate pH measurement using a probe. Instead, the required HCl volume
is calculated: to reach pH 0.85 in a 100 mL solution, 6.7 g of 37% HCI are required; for the 12 mL
complexation solution, this translates to 1.34 g of HCL.
As with the original bath preparation, the MTO procedure involves preparing three separate
regeneration solutions (detailed in Table 7.2). These can be stored and used as needed. In practice,
after 90 minutes of deposition, solutions Amro and Bmro are premixed and added to the bath, followed

by solution Cmro.

Solution Amro  Solution Bmro  Solution Cmro Dilution
Deionized water 6g 5¢g S5¢g 4¢g
Na;EDTA-2H>O 0.1997 g / / /
K>PtCly / 0.2357 g / /
N2H4-H>0 / / 0.0694 ¢ /
HCI1 (37 vol%) 1.34¢g

Table 7.2: Formulation of the three solution for MTO of 100 ml electroless Pt deposition bath.
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This regeneration method can be repeated indefinitely, as illustrated in Figure 7.17. The plating rate
curve for the MTO-enabled process is shown in Figure 7.18. Linear fitting of the data confirms a
constant deposition rate (y = 2.4834x, Reorr = 0.999), validating the effectiveness of the regeneration

procedure.
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Figure 7.18: Plating rate curve of deposition with MTO procedure and fitting of experimental data to confirm the linear rate.

Crucially, coatings produced with repeated MTO cycles exhibit identical morphology, purity, and
microstructure to those obtained from a single-use bath. No contaminants were detected via EDS
analysis, even after depositing up to 40 mg/cm? of Pt (a value four times higher than the process
target). The deposition bath can be regenerated and reused multiple times without risk of
contamination or decomposition, as the only by-products besides metallic Pt are gaseous N2 or Ho,
which are naturally removed through effervescence. Consequently, the primary factor limiting the
bath’s otherwise virtually indefinite lifetime is the solubility of EDTA, the only reagent that
accumulates during successive replenishments. Once repeated MTO cycles bring the bath close to the
EDTA solubility threshold, complete bath replacement becomes necessary. The developed MTO
strategy, therefore, ensures the best compromise between plating rate, bath stability, and Pt utilization,

supporting long-term, scalable, and sustainable operation.
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7.6 Conclusions
Based on the comprehensive investigation of the effects of temperature, pH, and the concentrations
of the complexing agent, metal salt, and reducing agent, the optimal plating parameters were
identified to achieve a reliable compromise between plating rate, bath stability, and coating quality
(including morphology, cracking and uniformity). Special consideration was given to ensuring a Pt
deposition target of approximately 10 mg/cm?.
The results indicate that the best performance is obtained using:

e KsPtCls: 4.0 g/L

e Na:EDTA: 3.3 g/L (slightly above equimolar, to ensure full complexation while maintaining

solution stability)

e Hydrazine monohydrate: 3.0 g/L

e Temperature: 55 °C

e pH:0.85
These conditions provide a sufficiently high plating rate, maintain bath stability over time, and
produce a dense, uniform, and adherent platinum coating with minimal cracking or spallation. The
selection of 55 °C ensures controlled reaction kinetics, preventing excessive stress development while
supporting efficient film growth. The selected pH supports both bath stability and a favorable
reduction potential, while the optimized reagent concentrations avoid unwanted side reactions and
decomposition. A bath loading of 10.7 mL/cm? was identified as optimal for maintaining plating rate
and coating uniformity while avoiding premature depletion of Pt ions.
The substrate's composition, particularly its Cr content, was found to significantly influence the early
stages of deposition. However, once a continuous monolayer is formed, the growth proceeds
autocatalytically and identically across different Ni-based superalloy substrates.
To extend bath lifespan and ensure consistent deposition, a MTO procedure was developed to
replenish consumed reagents. The regeneration strategy involves separate, pre-prepared solutions
containing the appropriate amounts of K2PtCls, Na2EDTA-2H-0, and hydrazine, added in a controlled
sequence to restore both reagent concentrations and total bath volume. Platinum must be reintroduced
in a pre-complexed form with Na.EDTA to avoid uncontrolled reduction, and pH must be carefully
adjusted to maintain bath stability. This approach enables multiple consecutive plating cycles without
degradation in coating quality or contamination, with almost linear plating rate.
The developed procedure enables the deposition of high-purity platinum coatings with uniform
thickness, independent of the geometry of the substrate. This versatility is demonstrated in Figure
7.19, which shows a homogeneous Pt layer deposited on a threaded screw, along with the

corresponding EDS map confirming the uniform elemental distribution across the complex surface.
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Figure 7.19: SEM-BSE cross-sectional micrograph of the Pt coating deposited on a threaded screw and corresponding EDS maps.
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8. Electroless vs electrolytic Pt aluminides

This chapter provides a detailed comparison between electroless and electrodeposited platinum
coatings used as precursors for Pt-modified aluminide coatings. The coatings are analyzed in terms
of morphology, microstructure, phase composition and elemental distribution in the as-deposited state
and after aluminizing.

To assess long-term high-temperature stability, all aluminide coatings are subjected to accelerated
oxidation tests at 1100 °C (a temperature that significantly exceeds actual service conditions). These
harsh conditions are selected to promote rapid degradation, exposing failure mechanisms and
highlighting differences in oxidation kinetics, microstructural evolution, and phase stability, thus
providing insights into long-term behavior and coating reliability.

Electrodeposition is currently the most widespread industrially adopted process for platinum plating
in in the production of Pt-modified aluminide coatings. However, a major limitation of this technique
is the lack of uniformity in the Pt layer, that is particularly problematic for components with complex
geometries, such as turbine blades. Achieving deposition over such shapes, though not uniform,
requires meticulously engineered anode systems, often custom-designed for each specific component
to be coated.

To present the severity of the problem, Figure 8.1 shows an industrial case study of Pt aluminide
coating applied to a René N4 turbine blade (Figure 8.1 (a)). Cross-sectional micrographs acquired
from three distinct regions, pressure side (b), tip (c), and suction side (d), clearly reveal the
microstructural inhomogeneity in the final coating. While both pressure side and suction side regions
exhibit a dual-phase outer layer of (-PtAl. and B-(Ni,Pt)Al, the thickness of this layer varies
significantly, likely due to uneven initial Pt deposition. At the tip, where the current density is highest
during electrodeposition, the dual phase layer is even thicker and an additional outer single-phase
PtAl: layer forms, reflecting excessive local Pt content and incomplete interdiffusion during the pre-
aluminizing treatment.

This kind of non-uniformity is to have critical implications over coating performance. Excessive Pt
content can lead to greater brittleness of the outer layers, reduced ductility, spallation risk, and

rumpling issues during service.
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Figure 8.1: Industrial case study of Pt aluminide coating applied to a René N4 turbine blade: cross sectional micrographs of the overall
blade (a) and coatings on the pressure side (b), tip (¢) and suction side (d).

This non-uniform elemental distribution is further corroborated by EDS analysis shown in Figure 8.2
and Figure 8.3. Only elements with concentrations above 1 wt% are reported for clarity.

At the suction side of the blade (Figure 8.2), EDS confirms high Pt and Al concentrations in the outer
layer, characteristic of a { + B dual-phase region. Below this, a region of hypostoichiometric j3-
(N1,Pt)Al (Al-deficient) is observed. The microstructure is typical of inward-growing aluminides,
featuring Cr- and W-rich precipitates, which diffused from the superalloy substrate. At the tip (Figure
8.3), however, the coating includes an additional outer layer with Pt content reaching up to 50 wt%.
This is a direct consequence of excessive Pt deposition during electroplating, due to the edge effect
of the electric field. The locally too thick Pt layer has not undergone effective diffusion with the
substrate during the pre-aluminizing heat treatment, hampering proper diffusion during subsequent
aluminizing too and resulting in a microstructure that lacks proper gradation and presents a higher

risk of thermal mismatch and mechanical instability.
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Figure 8.2: SEM-BSE cross sectional micrograph of the coating in correspondence of the suction side (a) and EDS spectra with

quantitative analysis (b).
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Figure 8.3: SEM-BSE cross sectional micrograph of the outer layer of the coating in correspondence of the tip (a) and EDS spectrum

with quantitative analysis (b).

A similar pattern is observed for GTD 111 substrates, illustrated in Figure 8.4. Once again, a dual-

phase Pt aluminide forms at both pressure side and suction side surfaces. At the tip, however, a highly

irregular microstructure appears. The initial Pt layer was probably so thick that aluminizing was

unable to proceed effectively, resulting in a thin aluminide layer composed solely of a Pt-rich phase,

with no transitional dual-phase region between the outer layer and the underlying NiAl. This indicates

an even more limited diffusion depth of Pt after the pre-aluminizing treatment and demonstrates an

ineffective aluminizing when excessive Pt is present.
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Figure 8.4: Industrial case study of Pt aluminide coating applied to a GTD 111 turbine blade: cross sectional micrographs of the overall
blade (a) and coatings on the pressure side (b), tip (c) and suction side (d).

8.1 As deposited Pt coatings

To directly compare electroless and electrodeposited coatings, 10.7 mg/cm? of Pt were applied to
René N4 substrates via both methods. Electrodeposition was performed using Johnson Matthey’s
Platinum Q Salt® electrolyte. The Q Salt bath is supplied as solutions containing 5 g/L of Pt and, at
room temperature, has a pH of 10.2—-10.8. Before plating, the solution is heated to 91-93 °C, then the
pH is adjusted to pH 10.0-10.6 (optimum 10.5) using ammonia. Distilled water must be regularly
added to maintain the volume of the bath and platinum concentration must be constantly maintained
at 4-6 g/L by adding Platinum Q Salt® Pt 20Q replenishing solution. Strict control of temperature
and pH is essential, since cathode current efficiency falls off sharply below 89 °C, and any drift in
pH outside the specified window degrades deposit quality.

The main parameters of the two deposition processes are summarized in Table 8.1: although the
electroless bath operates at a slower deposition rate, it requires lower Pt concentration and

temperature, and relies on a simpler, more cost-effective setup, as no anodes are needed.

Electroless Pt Platinum Q Salt®
@Sapienza Johnson Matthey
Pt salt concentration (g/l) 4 5
Deposition rate (mg/cm?/h) 3.5 8
Temperature (°C) 55 91-93
Pt anode None Custom'des1gn
required
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Table 8.1: Comparison between the main plating parameters of electroless Pt deposition and electrodeposition using Johnson Matthey’s
Platinum Q Salt® electrolyte.

Figure 8.5 (a, b) shows the surface morphology of the electrolytic Pt layer, while Figure 8.5 (c, d)
shows the electroless coating. Both exhibit the characteristic cauliflower-like morphology of
nucleation-coalescence growth, yet some details differ. Indeed, the electroless film contains

numerous fine cracks, indicator of high internal tensile stress during accretion.

(@ | (b)

B

Figure 8.5: Comparison of surface morphologies of platinum coatings obtained by electroplating (a, b) and electroless plating (c, d).

Despite the presence of cracks, the low-magnification SEM-BSE image of the electroless coating
presented in Figure 8.6 confirms a fully continuous film with no substrate exposure. Based on EDS
analysis, the black spots that are occasionally observed consist entirely of carbon and are attributable
to surface dirt.

Figure 8.7 highlights a localized uplift in the electroless coating where internal stresses have caused
partial delamination. EDS mapping across this feature shows no substrate exposure: the crack is not

through-the-thickness, and a continuous Pt layer remains beneath the raised region.
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200 um

Figure 8.6: SEM-BSE micrograph showing low magnification of the electroless Pt coating surface.

Figure 8.7 highlights a localized uplift in the electroless coating where internal stresses have caused
partial delamination. EDS analysis on this feature shows no substrate exposure: the crack is not

through-the-thickness, and a continuous Pt layer is present beneath the lifted region.
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Figure 8.7: SEM and EDS analysis of a region where internal growth stresses in the electroless Pt coating led to partial uplift.

EDS spectra in Figure 8.8 (a) confirms that both coatings are made of pure Pt, with only trace carbon
from surface contamination. Crystallographic characterization by XRD (Figure 8.8 (b)) further
reveals that both films share the face-centered cubic (fcc) Pt structure. The electroless coating shows

broader diffraction peaks, suggesting smaller grain size compared to the electrodeposited layer.
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Figure 8.8: EDS (a) and XRD (b) spectra of electroless and electrolytic Pt coatings.

Figure 8.9 presents cross-sectional micrographs of platinum coatings deposited by electroplating (a)
and electroless plating (b), with both sections taken at consistent positions spanning from the sample
edge (left) to its center (right). Although the geometry of the substrate is simple (a flat disc, the
difference in coating uniformity between the two deposition methods is immediately apparent. The
electroplated coating displays a pronounced variation in thickness due to the well-known edge effect:
the electric field intensifies near the edge of the sample, resulting in increased local current density
and consequently a thicker deposit. Specifically, at the outer edge, the coating reaches a thickness of
approximately 13 pm, almost double the intended average of 7 um. This thickness progressively
decreases toward the center of the sample, where it drops to a minimum of around 2.5 um. In sharp
contrast, the electroless deposited sample shows a uniform coating thickness across the entire cross-
section. No significant variation is observed between edge and center, confirming the inherently

conformal nature of this chemical deposition technique.

(a)

Figure 8.9: cross-sectional micrographs of platinum coatings deposited by electroplating (a) and electroless plating (b) taken at
consistent positions spanning from the sample edge (left) to its center (right).

To quantitatively assess the uniformity of the coatings, Figure 8.10 reports the statistical distribution
of coating thicknesses obtained via both deposition routes. The histograms show the experimental
data, while the dashed curves represent the corresponding Gaussian fits. For the electrolytically plated

samples, the data reveal a wide spread, reflecting the deterministic influence of electric field gradients
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across the substrate surface. This distribution highlights the difficulty in controlling layer uniformity
through electroplating, even on relatively simple geometries. On the other hand, the electroless
coating data fit a narrow Gaussian distribution, indicative of a highly controlled and reproducible
deposition process. The narrowness of the distribution highlights the process's insensitivity to
geometrical features, offering a significant advantage for coating complex components where

electroplating would require tailored anode designs and still fail to achieve consistent coverage.
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Figure 8.10: Statistical distribution of thickness measurements of electroless platinum (in yellow) and electroplated platinum (in blue)
coatings.

8.2 As aluminized Pt-aluminide coatings
The protective performance of platinum-modified aluminide coatings is critically influenced by the
amount and uniformity of platinum deposited on the substrate prior to aluminizing. he aluminide
obtained by electrolytic deposition of Pt has a final average thickness of approximately 60 um,
including about 16 um of IDZ. However, microstructural variations within the coating directly reflect
the non-uniform distribution of the initial Pt layer. Figure 8.11 presents SEM cross-sectional
micrographs acquired from three distinct positions across the sample, progressing from edge to center.
Below each micrograph the EDS concentration profiles of Ni, Pt, and Al as a function of coating
depth is presented, and the initial Pt layer thickness for each region is highlighted in the red box above
each micrograph. Despite the overall appearance of a single-phase microstructure in all regions,
possibly with very fine PtAl: precipitates, the thickness and characteristics of the outermost Pt-rich
layer vary significantly, clearly correlating with the initial Pt distribution. Near the sample edge,
where the original Pt layer was thickest, the resulting aluminide coating shows a relatively constant
Pt concentration throughout its thickness. Although a slight drop in Pt content is observed at the
boundary with the IDZ, the concentration does not reach zero until the substrate itself is approached.
This uniformity in Pt distribution corresponds with a relatively low Ni content throughout the coating,

indicating the predominance of Pt-Al intermetallics in the outer region. Interestingly, the total coating
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thickness in this region is lower compared to the others, suggesting that interdiffusion during
aluminizing may have been limited due to the higher Pt content, which acts as a diffusion barrier for
Ni.

As the analysis moves toward the center of the sample, where the initial Pt thickness was lower, the
microstructure changes significantly. The Pt-rich outer layer becomes progressively thinner, and the
depth at which Pt concentration drops to undetectable levels moves closer to the external surface. The
EDS curves in these regions show a more gradual decline in Pt content and a more pronounced
increase in Ni concentration through the coating thickness. This microstructure is consistent with
enhanced interdiffusion between the substrate and the Pt layer during the pre-aluminizing diffusion

heat treatment. The reduced initial Pt thickness in these regions facilitates more effective dilution of

Pt into the superalloy matrix, leading to interdiffusion to deeper depths and formation of a thicker j3-

(Ni,Pt)Al aluminide.
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Figure 8.11: SEM cross-sectional micrographs acquired from three distinct positions across the electrodeposited Pt-aluminide sample,
progressing from edge (left) to center (right) and corresponding EDS concentration curves (initial Pt layer thickness for each region is
highlighted in the red box above each micrograph).

To further support the observations discussed above, EDS elemental maps presented in Figure 8.12
illustrate the distinct distribution of Ni, Al and Pt in two regions of the electrolytic Pt-aluminide
coating: one near the sample edge (a) and the other at the center (b). Near the edge, platinum is

distributed throughout the entire coating thickness, reaching the lower limit of the IDZ. In contrast,
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at the center of the sample, platinum is confined to the outermost region of the coating. At the edge,
the Ni signal is consistently low, indicating minimal Ni diffusion into the Pt-rich outer layer, while at
the center, a distinct Ni-poor external region aligns with the higher Pt content, followed by a gradual
increase in Ni signal closer to the IDZ. This gradient reflects the effectiveness of Pt dilution into the
substrate during the pre-aluminizing diffusion heat treatment, which is more pronounced where the

initial Pt layer was thinner.

(a)

Figure 8.12: EDS maps of the electrolytic Pt-aluminide zone near the edge (a) and in the central zone (b).

Figure 8.13 shows the Pt-aluminide coating obtained using the electroless method, examined in three
analogous zones of the sample, from edge to center. At microstructural level, the bond coat produced
by the electroless process is fully comparable to the one obtained by standard electrolytic deposition:
it presents a total thickness of approximately 60 pm and a uniform monophasic Pt-rich outer region.
However, unlike the electrolytic coating, the electroless bond coat exhibits excellent microstructural
homogeneity across the entire sample surface, reflecting the highly uniform platinum layer achieved
prior to aluminizing. This uniformity is further validated by the EDS concentration profiles reported
beneath each micrograph, which reveal consistent elemental distributions of Pt, Ni, and Al across all
examined regions. The slight variation in bond coat thickness (thinner at the sample edge) and the
slightly elevated Pt content in that area are likely due to localized inefficiencies in the aluminizing
process, possibly caused by non-ideal slurry spraying in that specific region. This interpretation also
applies to the electrolytic Pt-aluminide samples; however, the limited variation observed here is not
sufficient to account for the significant disparities in Pt concentration and thickness recorded in the

coatings produced by galvanic deposition.
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Figure 8.13: SEM cross-sectional micrographs acquired from three distinct positions across the electroless Pt-aluminide sample,
progressing from edge (left) to center (right) and corresponding EDS concentration curves (initial Pt layer thickness for each region is
highlighted in the red box above each micrograph).

The uniform distribution of Pt, Al, and Ni in the electroless Pt-aluminide coating is in excellent
agreement with literature data for monophasic Pt-aluminide coatings produced by galvanic methods,
where similar initial Pt amounts and comparable thermal treatments for diffusion and aluminizing
were employed [106]. This confirms the reliability and reproducibility of the electroless approach in
achieving homogeneous coating microstructures, even over larger surface areas.

To further investigate and compare platinum distribution in coatings produced by galvanic and
electroless methods, Figure 8.14 presents the Pt concentration profiles recorded at positions A, B, and
C on the samples. The curves corresponding to the electrolytic Pt-aluminide coating are clearly
separated, reflecting significant variability in platinum distribution across different regions of the
sample. This variability is in stark contrast to the electroless Pt-aluminide coating, where the three
profiles are nearly superimposable, indicating a highly uniform platinum distribution throughout the
sample. Notably, the Pt concentration profile of the electroless Pt-aluminide closely matches that of
the galvanic Pt-aluminide in region B, where the initial platinum layer thickness was also
approximately 7 um. This agreement further confirms the ability of the electroless process to produce
coatings with consistent composition, comparable to those obtained using controlled galvanic

deposition techniques.
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Figure 8.14: Pt concentration profiles recorded at positions A, B, and C on the samples for electrolytic and electroless Pt-aluminides.

For completeness, the composition of the coatings in terms mutual concentrations of nickel and
aluminum (in at%) across the thickness, from the outer surface to the interface with the IDZ, is
reported in Figure 8.15. The concentration profiles were acquired at position B of the sample (as
indicated in Figure 8.14), and the green band represents the compositional stability range of the -
NiAl phase. It can be observed that stoichiometric NiAl composition is only present in the outermost
region of the coating. Moving inward toward the IDZ, the aluminum content progressively decreases,
leading to sub-stoichiometric compositions. This compositional gradient is evident in both
electrolytic and electroless Pt-aluminide coatings, suggesting that it originates from the slurry
aluminizing process rather than the Pt deposition method. Such Al depletion in the inner regions of

the coating should be carefully considered when evaluating the overall oxidation resistance and long-
term stability of the coatings.
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Figure 8.15: EDS compositional profiles of Ni and Al mutual at.% across coating thickness.

To complete the comparison, XRD analysis of the two coatings is shown in Figure 8.16. The
diffraction patterns are nearly identical, indicating that no substantial difference exists in phase
composition between the coatings. All observed peaks correspond to the -NiAl phase (JCPDS 20-
0019). However, the incorporation of platinum into the B-NiAl lattice results in a distinct shift of the
diffraction peaks to lower 20 angles compared to those of pure B-NiAl (20 =44.3678°), consistent
with previous findings [106,228]. This shift is attributed to the distortion of lattice parameters caused

118



by the substitutional incorporation of Pt atoms at Ni sites within the NiAl crystal structure. It is a
well-established phenomenon that the incorporation of foreign atoms into a crystal lattice induces
local strains and stresses, the magnitude of which depends on the atomic size difference between the
original and the incorporated species. In this case, the atomic radii of Ni and Pt are 124.0 pm and
138.5 pm, respectively [229]. This considerable size mismatch leads to a distortion of the lattice,
introducing strain fields and internal stresses that manifest as a measurable peak shift in the XRD
spectrum. These findings further validate the substitutional nature of Pt incorporation and provide

indirect confirmation of its homogeneous integration into the B-NiAl matrix in both coatings.
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Figure 8.16: XRD spectra of electrolytic Pt-aluminide (black line) and electroless Pt-aluminide (red line).

8.3 Isothermal oxidation tests

Samples were subjected to isothermal oxidation tests at 1100 °C to evaluate their protective
capabilities and to compare the performance of electroless Pt-aluminide coatings with that of
electrolytic Pt-aluminides. The goal is to assess the viability of the electroless process as a reliable
alternative to galvanic deposition for producing Pt-modified aluminide coatings.

Figure 8.17 shows the microstructural evolution of the coatings up to 1000 hours of oxidation for
both the electrolytic Pt-aluminide (a) and the electroless Pt-aluminide (b). No significant differences
in oxidation behavior are observed between the two coating types. At 21 h, both coatings develop a
thin AlzOs scale, which exhibits localized whisker-like morphology, characteristic of 0-Al.Os [230].
This indicates that, at this early stage, the full transformation to stable, protective a-Al2Os has not yet
occurred, and transient alumina phases are still present, consistently with previous literature [231].
As oxidation progresses and a continuous oxide scale forms, the oxygen partial pressure at the oxide—
metal interface decreases. Consequently, only the most thermodynamically stable oxide, a-AlOs,
remains, while the transient phases are gradually replaced. By 28 h, both coatings exhibit a fully
developed, adherent, and continuous a-Al-Os scale with no visible traces of transient alumina phases,

confirming that the transient oxidation phase concludes within this timeframe for both systems.
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At 500 h, the oxide scale thickens to approximately 2.8+ 0.2 um for the electroless coating and
3.4£0.4 um for the electrolytic coating. Despite the increased thickness, the oxide layer remains
protective and well-adhered. Concurrently, the initial formation of y'-NisAl is observed in both
coatings (indicated by white arrows), as a result of aluminum depletion due to oxide growth. High-
magnification micrographs in Figure 8.18, acquired at 500 h, also reveals the development of peg
structures at the oxide/metal interface (white arrows), which are characteristic of Pt-aluminides and
are known to enhance oxide scale adherence [108]. Red arrows mark y'-NisAl precipitation at grain
boundaries.

By 1000 h, the oxide scale thickness has increased significantly, and spallation of large portions of
the AL2Os layer is evident. Additionally, large tantalum precipitates are clearly visible throughout the
oxide scale. This is expected, as the coating at this stage is almost entirely depleted of the protective
B-phase, and the remaining region beneath the oxide consists mostly of y'-Ni;Al, a consequence of
continued aluminum loss both from oxidation and diffusion into the substrate due to concentration
gradients.
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Figure 8.17: Microstructural evolution of the coatings up to 1000 hours of oxidation at 1100°C for the electrolytic Pt-aluminide (a)
and the electroless Pt-aluminide (b)

Figure 8.18: High-magnification micrographs of the oxide scale developed at S00h of oxidation at 1100 °C (electroless Pt-aluminide).
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White arrows point at pegs at the oxide/metal interface, red arrow point at Ni3Al formation at grain boundaries.

Oxidation kinetics for both coatings are plotted in Figure 8.19. The electrolytic Pt-aluminide exhibits
a faster oxide scale growth during the first 100 h. However, both coatings follow a similar parabolic
growth trend up to 600 h. Beyond this period, both coatings show a sharp increase in oxide thickness,
followed by a decrease and then another increase, indicative of partial oxide scale spallation and
subsequent regrowth. Interestingly, this behavior is common to both coating types, suggesting that it
is independent of the Pt deposition method and can be addressed to the relatively low amount of Al
initially present in both coatings. Fitting the experimental data to Monceau’s parabolic oxidation
model [53] up to 600h (dashed lines in Figure 8.19) yields parabolic rate constants (kp) and
correlation coefficients reported in Table 8.2. The results confirm comparable oxidation kinetics, with
the electroless Pt-aluminide even showing slightly better performance. The high correlation values

(Reorr>0.99 for both cases) confirm the good fitting.
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Figure 8.19: Oxidation kinetics curves for electrolytic Pt-aluminide (black line) and electroless Pt-aluminide. Fitting according to
Monceau’s model is reported as dashed lines.

kp (umZ/S) Rcorr
Electrolytic Pt-aluminide 0.0098 0.996
Electroless Pt-aluminide 0.0057 0.996

Table 8.2: Parabolic constants calculated according to Monceau's model for the electrolytic Pt-aluminide and electroless Pt-aluminide
and correlation coefficient of data fitting.

Figure 8.20 displays concentration profiles of Ni, Al, and Pt as a function of oxidation time for the
first 105 h, along with corresponding SEM micrographs. Profiles and images for the electrolytic Pt-
aluminide are shown in (a) and (b), while those for the electroless Pt-aluminide are presented in (c)
and (d), respectively. The initially higher Al content in the electrolytic coating leads to a more rapid
depletion of Al during the transient oxidation stage, especially within the first 7 h. This aligns with
the early-stage kinetics and suggests that an excessive Pt concentration in some regions of the
electrolytic coating impedes the attainment of phase equilibrium during aluminizing. This imbalance

accelerates Al consumption during early high-temperature exposure. Micrographs at 100 h confirm
121



the thicker Al.Os scale on the electrolytic coating. Nonetheless, both coatings display signs of B-to-
vy’ transformation at grain boundaries. Moreover, extensive needle-like TCP phase formation is
evident beneath the IDZ (in the secondary reaction zone, SRZ) for both systems.
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Figure 8.20: Concentration profiles of Ni, Al, and Pt as a function of oxidation time for the first 105 h along with corresponding SEM
micrographs for electrolytic Pt-aluminide (a, b) and electroless Pt-aluminide (c, d).

Eventually, XRD analysis at 28 h, 105 h, 500 h and 1000 h of oxidation are presented in Figure 8.17,
for electrolytic Pt-aluminide in (a) and electroless Pt-aluminide in (b). Both coatings follow the same
general phase evolution pathway. At 28 h, Al.Os peaks are clearly detected (JCPDS 81-1667), along
with NiAl peaks and a minor peak corresponding to the Ti-Al intermetallic (JCPDS 47-1410) [232].
At 105 h, Ta20s peaks (JCPDS 18-1305) appear in the electrolytic Pt-aluminide spectrum, likely due
to the high Ta content in the substrate and its significant oxidation tendency (AG = —620 kJ [233]).
However, these are not detected in the electroless Pt-aluminide and were not observed in SEM
images. Furthermore, the Ta.Os peaks disappear from the spectrum at 500 h, indicating that the
quantity is too low to be resolved as peak intensity from other phases increases.
The emergence of NisAl peaks (JCPDS 65-0140) at 105 h is observed in both type of coatings, in
agreement with the nucleation of this phase observed in SEM micrographs. Intensity of NisAl peaks
increases with increasing exposure time and reflects the progressive Al depletion.
At 500 h, TiO2 peaks (JCPDS 76-0322) are observed in both coatings, suggesting Ti contamination
in the Al>Os scale, likely due to progressive Al depletion. At the same time, NiAl peaks move towards
higher angles, likely due to the combined effect of the progressive deviation from stoichiometry
(transformation to Al-poor NiAl phase) and the continued Pt diffusion towards inner regions.
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Initial evidence of NiAl.Os spinel formation (JCPDS 71-0965) is seen, which becomes pronounced
at 1000 h. This phase formation corresponds with extensive NisAl presence and highlights the
coating’s loss of ability to sustain a protective, pure Al:Os scale formation. These findings are
consistent with the coating degradation trends evident from the oxidation kinetics and microstructural
evolution.

(a) (b)

0

. 0 (Ni,POAI . 0 (Ni,POAI
O

[ O [+
A A P N
AlLO;
* ALO; o ALO,
0 NiAl 0 iA
; 0 NiAl
o TiAl TiAl
¥ NisAl 0ok
¥ NisAl
o Ta0; o Ta,0
28h A TiO 205
- ) it ~ [ 28h A TiO,
3 N . o 0 9 3 . 0 o N T
S Sl eia Ass e < 2 Pl reoa Aes e A
¢
S s R
E [10sh o E
105h
. R ®
A Y .
500h

NiALO,
[ ]

o s

NiALO,

20 30 40 50 60 70 80 90 20 30 40 50 60 70 80 90
20 Position (deg) 20 Position (deg)

Figure 8.21: XRD spectra at 28 h, 105 h, 500 h and 1000 h of oxidation for electrolytic Pt-aluminide (a) and electroless Pt-aluminide
(b).

All the above results highlight the comparable oxidation resistance of electroless and electrolytic Pt-
aluminide coatings, with the electroless variant even exhibiting slightly slower oxidation kinetics,
thereby confirming electroless deposition as a technically sound and viable alternative to

electrodeposition for the production of platinum-modified aluminides.

8.4 Conclusions
This chapter presented a comprehensive comparative study between electroless and electrolytic Pt-
aluminide coatings, with the aim of assessing the feasibility of the electroless route as an alternative
to traditional electrodeposition for the development of high-performance aluminide bond coats.
The analysis of platinum distribution prior to aluminizing revealed notable differences between the
two deposition methods: despite sharing similar morphology and identical purity, electrolytic
coatings displayed significant thickness variability across the sample cross-section, while electroless

coatings exhibited excellent uniformity. This homogeneity was preserved after the aluminizing step:
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consistent Pt, Al, and Ni levels across different regions of the sample were observed in the electroless
Pt-aluminide coatings, while electrolytic Pt-aluminide highlighted a variability consistent with the
non uniformity of the initial Pt layer. Microstructure of the electroless Pt-aluminide, characterized by
a single monophasic layer (richer in Pt in the outer layer), was comparable to that of the electrolytic
coatings in the regions of comparable initial Pt amount. XRD analysis further confirmed that both
coatings shared the same phase composition, dominated by -NiAl with Pt substitution.

Isothermal oxidation tests at 1100 °C demonstrated the protective behavior of both coatings over
prolonged exposure (up to 1000 h). Both coatings developed a continuous and adherent a-Al.Os scale
after the initial transient stage, with similar microstructural evolution and formation of characteristic
features, such as interfacial pegs and nucleation of y’-NisAl zones as high temperature exposure
proceeds, due to aluminum depletion. Oxidation kinetics curves demonstrated that the long-term
oxidation behavior of both coatings was comparable; importantly, the electroless Pt-aluminide
exhibited slightly slower oxidation kinetics, with lower parabolic rate constant.

In conclusion, the electroless deposition method not only ensures excellent control and uniformity of
platinum distribution prior to aluminizing but also provides oxidation resistance comparable with,
and in some aspects superior to, that of electrolytic Pt-aluminides. These findings validate the
electroless process as a robust and viable alternative for the manufacturing of Pt-modified aluminide
coatings, with potential advantages in process simplicity, efficiency and cost-effectiveness.

Despite these promising results, it is understandable why electroless platinum deposition has not yet
replaced electrolytic methods in industrial practice. Historically, electroless deposition has lacked
standardized, robust formulations suitable for large-scale application. Previous attempts were limited
either by insufficient bath stability or by the inability to achieve the coating thicknesses required for
high-temperature applications. In contrast, electrolytic deposition, despite its well-known limitations,
is a mature and deeply established technology. Decades of research and process optimization have
enabled the industry to achieve reproducible results using standardized electrolytes and highly
engineered apparatus. Transitioning from this established framework to a new electroless process
would inevitably require significant capital investment, as well as the development of new know-
how, while existing electroplating infrastructure would become obsolete. Furthermore, the industrial
implementation of the electroless formulation proposed in this work, though highly promising, is not
without challenges. The reliance on hazardous reagents such as hydrochloric acid and hydrazine
introduces important health, safety, and environmental considerations. Addressing these concerns
will require new handling and disposal protocols, along with modifications to equipment and

materials to ensure durability under low-pH operating conditions.
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9. Optimization of the slurry method for Pt-aluminides

Following the characterization of industrially produced Pt-aluminide coatings, it became evident that
both electrolytic and electroless variants exhibit a progressive depletion of aluminum across the
coating thickness, with stoichiometric B-NiAl phase confined only to the outermost regions. Given
the critical role of the B-NiAl phase in ensuring long-term oxidation resistance, this compositional
gradient, likely introduced during the slurry aluminizing process, represents a limiting factor for
coating performance. Therefore, the present chapter focuses on the laboratory-scale optimization of
the slurry aluminizing process, with the goal of achieving a more uniform and stoichiometric 3-NiAl
phase throughout the entire coating thickness. This optimization is expected to enhance the protective
behavior and thermal stability of the coatings under high-temperature exposure. In addition, the
chapter explores the effect of varying the initial electroless-deposited platinum layer thickness on the
microstructure and oxidation behavior of Pt-aluminide coatings, in order to establish more robust
processing—structure—property relationships for the design coatings with enhanced protective
capabilities.
9.1 Optimization of the slurry method

The optimization of the slurry aluminizing method was first addressed by evaluating the influence of
the initial slurry layer thickness. Samples were prepared with slurry loadings of 80, 100, 120 and 150
mgslurry/CMsample, While keeping the overall slurry concentration in the reaction chamber constant at
3.25 mgsturry/cm>chamver. Cross-sectional micrographs of the resulting coatings are presented in Figure
9.1. For samples with initial slurry layers of 80, 100 and 120 mgsury/cm?sample, coating thicknesses
were nearly identical, measuring approximately 92 + 3 um, with an IDZ of 24 + 2 um. However, a
significant increase in both coating thickness (115 = 4 um) and IDZ thickness (32 + 3 pm) was
observed when the slurry layer reached 150 mgsiurry/cm?sampte. These findings align with observations
by Li et al. [95], who suggested that excessively thick slurry layers can accelerate Ni—Al diffusion
kinetics, thus producing thicker coatings. Regardless of slurry layer thickness, all coatings exhibited
the typical inward-grown aluminide microstructure, characterized by Cr-rich precipitates in the outer
region and finely dispersed Ta-rich precipitates throughout the coating thickness, in agreement with

previous work by Goward and Boone [80].
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Figure 9.1: Cross sectional micrographs of coatings deposited with 80 mgsury/cm%ample (2), 100 mMgsturry/CM?sample (b), 120
Mgsturry/CM2sample (€) and 150 mgsturry/Cmsample (d).

However, notable differences were observed in the Al/Ni atomic ratio along the coating depth, as
determined by EDS analysis (Figure 9.2 (b)), while a representative micrograph is shown in Figure
9.2 (a). This ratio plays a critical role in determining the resulting matrix phase: Al/Ni ratios exceeding
1.2 can lead to the formation of the brittle Ni2Als intermetallic, while ratios below 0.7 favor the
development of NisAl, which compromises oxidation resistance. The amount of deposited slurry
influences the concentration gradients that develop during the aluminizing process. If the aluminum
content is too high, as in the case of 80 and 120 mgsiury/cmZsample, there may not be enough time during
the diffusion heat treatment for NiAl to form uniformly across the coating, leading to aluminum-rich
outer layers. Conversely, the sample coated with 150 mggumy/cm*ample showed a deficiency in
aluminum in the inner region, likely due to ineffective Al transport caused by the excessive slurry
thickness. Thus, the optimal initial slurry amount was determined to be 100 mgsiury/cm*sample, as it
yielded a uniform AI/Ni ratio compatible with B-NiAl phase formation throughout the coating
thickness.
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Figure 9.2: (a) Typical cross-sectional micrograph of aluminized samples; (b) AI/Ni atomic ratio as a function of depth for different
mgslurry/cMZsample (letters on x-axis refer to depths from (a)).

Next, the influence of slurry concentration within the reaction chamber was explored while
maintaining a constant initial slurry thickness of 100 mgsiurry/cm?sample. The Al/Ni atomic ratio profiles
across the coating depth for coatings produced with 1.63, 3.25, 6.50, and 13.0 mgsiury/Cm>chamber are
shown in Figure 9.3. Optimal results were observed for 3.25 and 6.50 0 mgsiurry/Cm>chamber. At 1.63 0
mgsiurry/CM>3chamber, the coatings exhibited an Al/Ni profile consistent with NiAl only near the outer
surface, while the matrix gradually transitioned to NisAl toward the IDZ. On the other hand, excessive
Al availability at 13.0 0 mgsturry/cm>chamber led to higher Al/Ni ratios throughout the coating, indicative
of the presence of Ni2Als, a brittle and non-protective phase. These observations can be attributed to
the increase in Al vapor concentration with increasing slurry content in the chamber, which affects
the initial Al accumulation at the substrate surface before solid-state diffusion begins [234],

promoting the formation of Al-rich phases during heat treatment.
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Figure 9.3: Al/Ni atomic ratio as a function of depth for different mgslurry/cm3 chamber (letters on x-axis refer to depths from Figure
9.2 (a)).

The corresponding microstructures are shown in Figure 9.4. Backscattered electron (BSE) imaging
reveals that the coating produced with 1.63 mgsumy/cm’chamber contains light-grey phases, which
correspond to NizAl. This phase was not observed in coatings produced with higher slurry content.
As slurry concentration increased, a slight thickening of the coatings was noted, along with the
development of more pronounced outer zones enriched in CrxAl, intermetallic compounds, due to the
reaction between chromium from the substrate and the abundant aluminum at the superalloy surface

[235]. These results further support the conclusion that increased mgstury/Cm>chamber €nhances
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aluminum availability at the surface, facilitating the formation of aluminum-rich intermetallics as

diffusion progresses.

(a) (b)

Figure 9.4: SEM-BSE cross sectional micrographs of aluminide coatings obtained with (a) 1.63 mgsumy/cmchamber, (b) 3.25
mgslurry/ Cm3chamber, (C) 6.50 mgslun'y/ Cm3chamber, (d) 13.0 l'l’lgslurry/ cm>chamber.

Based on these findings, 6.50 mgsiury/cm>chamber Was selected as the optimal slurry amount in the
reaction chamber. This condition provides a coating with an Al/Ni profile comparable to that obtained
with 3.25 mgstury/Cm>3chamber, While offering increased coating thickness and the possibility of treating
larger surface areas per batch, thereby improving process efficiency.

Phase composition of the coatings was confirmed by XRD analysis. Figure 9.5 (a) displays diffraction
spectra for coatings produced with 80, 100, and 150 mgsiury/CmZsample. All samples primarily consist
of the NiAl phase, but a distinct Ni2Als signal is detected in the 80 mgsiury/cmM?sample coating, in line
with EDS findings shown in Figure 9.2 (b). CrAl, intermetallic peaks, typical of inward-grown
coatings, are present in all samples. Additionally, AlTi> peaks appear, resulting from titanium
diffusion from the substrate. Spectra for coatings produced with different slurry chamber
concentrations are reported in Figure 9.5 (b). Coatings from 1.63 mgsiumry/cm’chamber €xhibited a
biphasic structure of NiAl and Ni;Al, confirming insufficient Al vapor generation for forming a
uniform NiAl layer. Conversely, at excessively high slurry content, Ni2Als and NiAls phases were

detected, indicating an overabundance of aluminum and the formation of brittle, non-protective
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intermetallics. Only NiAl and AlCr. peaks were observed in the sample processed at 6.50
MEslurry/CM3chamber, confirming its capability to develop a protective a-Al:Os scale under high-

temperature conditions.
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Figure 9.5: XRD spectra of aluminide coatings obtained by varying the mggiury/cmZsample (2) and mgsturry/cm>chamber (b).

To further validate the flexibility and applicability of the optimized slurry aluminizing process for
high-demand applications, platinum-modified aluminide coatings were manufactured. A 4.5 um-
thick Pt layer was first deposited onto the superalloy substrate, followed by a pre-aluminizing
diffusion heat treatment prior to slurry application. The cross-sectional micrograph of the resulting
Pt-aluminide coating is shown in Figure 9.6 (a). The overall coating thickness was measured to be 98
+ 4 um, comprising an interdiffusion zone (IDZ) of 24 + 3 um and an outer biphasic layer of 29 + 3
um. A detailed view of the microstructure in the outer biphasic region is provided in Figure 9.6 (b),
along with corresponding EDS analysis of the constituent phases. The brighter phase corresponds to
C-PtAlz, which likely incorporates minor amounts of Cr and Ni, as indicated by the quantitative data
in the beside table. Notably, the brightness of individual {-phase grains appears to decrease with
increasing Ni and Cr content, reflecting local compositional variations. In contrast, the light-grey
phase in the outer layer corresponds to B-(Ni,Pt)Al. Small, bright, well-dispersed dot-like precipitates
are observed throughout the coating, particularly along grain boundaries. These precipitates are rich
in Ta and W and originate from the underlying superalloy, which is rich in these refractory elements.
Despite the higher bulk W content in the superalloy, EDS analysis suggests that the precipitates are
predominantly composed of Ta. This is attributed to the much higher interdiffusion coefficient of Ta

compared to W, about one order of magnitude greater, at typical coating temperatures [236].
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The presence of Cr-rich precipitates is also observed in the coating. This may be explained by the
limited solubility of Cr in the plain B-NiAl phase [237]. In Pt-modified coatings, high Pt activity can
promote the formation of PtCr intermetallic phases, as reported in [238]. Over prolonged high-
temperature exposures, these phases may undergo transformation and result in localized Cr

enrichment or secondary precipitation.
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Figure 9.6: (a) Cross-sectional micrograph of the Pt-aluminide coating obtained with the optimized slurry method and (b) high
magnification view of the microstructure in the outer biphasic region with EDS analysis.

Elemental concentration profiles of Ni, Al, and Pt across the coating thickness (expressed in atomic
percent) are plotted in Figure 9.7. Both Pt and Al concentrations are elevated in the outermost region,
consistent with the observed biphasic {-PtAl. and B-(Ni,Pt)Al microstructure. Crucially, the Al
concentration does not exhibit a sharp drop before the IDZ. At a depth of 60 um from the surface, an
Al/N1 atomic ratio of approximately 0.8 is still present, indicating that the coating remains within the

compositional range of B-NiAl
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Figure 9.7: Elemental concentration profiles of Ni, Al, and Pt across the coating thickness.

Further confirmation of the phase constitution was obtained via XRD, as shown in Figure 9.8 (a). The
diffractogram reveals the presence of both PtAl> (JCPDS 65-2983) and NiAl peaks, consistently with
the biphasic microstructure of the outer coating layer. The incorporation of Pt into the B-NiAl lattice
causes a noticeable shift of the NiAl diffraction peaks toward lower angles, consistent with lattice
expansion due to Pt substitution [239]. Similarly, the PtAl» peaks are also shifted relative to those of
the stoichiometric phase, likely due to the partial incorporation of Ni and/or Cr, as previously
observed in studies such as [106]. Detail of peak shifting in reported in Figure 9.8 (b). A minor peak
corresponding to AlsCr is also detected and is attributed to residual particles originating from the

aluminizing slurry.

(a) (b)
0 NiAl | Arem ]
o PtAl, ‘ !

o
- AICr ]
|

Intensity (a.u.)
Intensity (a.u.)

20 40 60 80 100 40 42 44 46 48 50
20 Position (deg) 20 (deg)

Figure 9.8: (a) XRD diffractogram of the Pt-aluminide coating obtained with the optimized slurry method and (b) detail of NiAl and
PtAlz peak shifting.

This demonstrates that the slurry-based aluminizing process, when combined with the optimized
thermal treatment protocol, is capable of delivering sufficient aluminum to form a protective B-NiAl
phase throughout the coating thickness even in complex systems such as Pt-aluminides.

The microstructure and phase composition achieved with the present process differ from those
obtained using the industrial route described in Chapter 8. In that case, the coatings exhibited a

monophasic B-(Ni,Pt)Al structure. The difference can be attributed to the limited availability of
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aluminum in the industrial setup, likely due to the much larger reaction chamber volume. Under fixed
Ni and Pt concentrations, a higher Al content at elevated temperatures promotes the formation of
PtAl: precipitates [108]. This outcome is beneficial, as the presence of a continuous B-phase through
the coating thickness is expected to enhance high-temperature oxidation resistance, while the

occurrence of PtAl: precipitates is known to mitigate rumpling and improve creep resistance [122].

9.2 Microstructure of Pt-aluminides with different initial Pt layer thickness

The newly developed slurry aluminizing process, combined with the innovative electroless platinum
plating technique, enables precise investigation of the influence of initial Pt layer thickness on the
microstructure and isothermal oxidation behavior of Pt-aluminides. Unlike galvanic methods, which
often result in non-uniform Pt deposition due to edge effect, resulting in excessive accumulation on
edges and insufficient coverage on convex surfaces, the electroless plating process ensures precise
control over the deposited Pt thickness, regardless of the substrate geometry. This uniformity
eliminates microstructural variability related to Pt thickness variability, which could affect diffusion
profiles and lead to localized oxidation failures, such as oxide scale spallation or reduced adherence
in under-plated areas. Using electroless deposition, the produced coatings exhibit a homogeneous and
reproducible microstructure, allowing a true assessment of the intrinsic oxidation behavior of the Pt-
aluminide system as a function of initial Pt content only, without interference from external deposition
variables.

To investigate this systematically, initial Pt layer thicknesses of 4.5 um, 7 pm, and 12 um were
deposited on René N4 superalloy discs, followed by identical diffusion and slurry aluminizing cycles
as described in Paragraph 9.1. The resulting cross-sectional micrographs are shown in Figure 9.9. All
three coatings exhibit the typical inward-grown aluminide structure, consisting of an outer dual-phase
region of (-PtAl: and B-(Ni,Pt)Al, and an inner single-phase B-(Ni,Pt)Al zone. The coatings are
uniform and pore-free across the entire section. Some Al.Os particles, marked by red arrows, are
visible at the coating’s outermost surface: these originate from the sandblasting step and indicate the
original position of the alloy surface prior to treatment. A noteworthy observation is that the overall
thickness of the aluminide layer increases slightly with the thickness of the initial Pt layer. This
phenomenon is likely due to the faster diffusion of Ni in the NiAl system containing Pt, as reported
by [240]. The higher diffusion rate enables more Ni atoms to migrate from the substrate to the coating
surface, where they react with Al to form a thicker B-(Ni,Pt)Al layer. Consequently, thicker bond
coats are formed as the Pt layer thickness increases. The thickness of the dual-phase region also
exhibits a clear dependence on the initial Pt layer thickness: it increases from 30 um for an initial Pt

layer of 4.5 um, to 45 um for 7 pm Pt, and up to 63 um for 12 pm Pt. Moreover, the relative proportion
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of the PtAl: phase in the dual-phase layer also increases with the initial Pt thickness. For the coating
with the thickest Pt layer (12 pm), the outermost region is almost entirely composed of PtAl., with
only minor B-(Ni,Pt)Al microprecipitates present. These results align closely with findings from
previous studies, such as those by Krishna et al. [112], who noted that the form of the Pt-rich PtAl
phase in the outer coating layer is strongly influenced by the dilution of the initially pure Pt layer
during the diffusion treatment. Therefore, a higher initial Pt content typically leads to a higher
proportion of PtAl, in agreement with the Ni-Pt-Al phase diagram at the process temperature [241].
Since the Pt concentration decreases with depth, the dual-phase structure appears just below the
surface in the 12 um Pt sample, at depths where the Pt content is low enough to allow for the
coexistence of B-(Ni,Pt)Al. Some localized two-phase regions may still occur near the surface due to
minor fluctuations in Pt diffusion during treatment.

(a) (b) ()

25 um

Figure 9.9: Cross-sectional micrographs of Pt aluminide coatings manufactured with different initial Pt layer thickness: (a) 4.5 um,
(b) 7 um and (c) 12 pm. Red arrows point at alumina particles that are residue of sandblasting.

EDS concentration profiles for Ni, Pt, and Al across the outer, central, and inner regions (above the
IDZ) of coatings with initial Pt layer thicknesses of 4.5 um, 7 um, and 12 um are shown in Figure
9.10 (a), (b), and (c), respectively. As expected, Pt concentration in the outermost layer increases with
initial Pt thickness. Pt content is highest in the outer layer and decreases toward the inner regions in
all coatings. This trend is more pronounced for coatings with thicker initial Pt layers, where Pt remains
at higher levels in the central region as well. Al content is comparable in the outer regions of coatings
with 4.5 um and 7 pm Pt layers, but is slightly higher in the 12 um sample, reflecting the transition
from a dual-phase to a near-monophasic PtAl: structure. Additionally, Al maintains a longer gradient
extension toward the IDZ with increasing Pt content, reflecting the growing thickness of the dual-
phase region. The Ni concentration trends are also coherent with these results. In the 4.5 um coating,
a sharp increase in Ni content is seen in the central where microstructure transitions to single-phase
B-(Ni,Pt)Al. For the 7 pm sample, the gradient is more gradual, consistent with a broader dual-phase
region. In the 12 pm sample, Ni rises sharply again, but only near the IDZ, where the single-phase 3
layer is observed. These differences are attributed to the less effective diffusion heat treatment prior

to aluminizing in higher-Pt samples. A thicker Pt layer results in reduced dilution, limiting Ni outward
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diffusion and favoring PtAl. formation at the surface. Notably, AI/Ni ratio in the inner region is equal

to 1.1 in all three coatings, irrespective of the initial Pt amount, indicating the presence of the B phase

in the entire coating.
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Figure 9.10: EDS concentration profiles across the outer, central, and inner regions (above the IDZ) of coatings with initial Pt layer
thicknesses of (a) 4.5 um, (b) 7 um and (c) 12 um

XRD spectra, presented in Figure 9.12, confirm the presence of only PtAl. and B-NiAl phases in all
samples. A minor AlsCr peak is also detected and is attributed to residual slurry material. Notably,
the intensity of the B-NiAl peak relative to PtAl> decreases with increasing Pt thickness, reaching a
minimum in the 12 pm sample. This confirms the predominance of PtAl in the outermost region for
thicker Pt layers. In all cases, the B-NiAl phase exists as (Ni,Pt)Al, with diffraction peaks consistently
shifted from those of stoichiometric B-NiAl, due to Pt incorporation; similarly, the PtAl> peaks show
shifts from the nominal positions, attributed to solid solution of Ni and Cr (Figure 9.13). However,
the extent of these shifts is similar across all three coatings, suggesting that the level of lattice
distortion due to substitutional solutes remains similar regardless of initial Pt thickness. These
findings are in good agreement with the results reported by Krishna et al. [112], who also observed
limited variation in lattice parameters despite differing Pt concentrations. In contrast, Pauletti et al.
[242] reported more significant peak shifts as a function of initial Pt thickness. However, it should be
noted that in that study, the authors produced single-phase, outward-grown 3 coatings, which likely
involved different diffusion mechanisms and solute distributions. This discrepancy highlights the

importance of growth mode and processing conditions when interpreting XRD data in Pt-aluminide

systems.
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Figure 9.11: XRD spectra of Pt-aluminide coatings obtained with different initial Pt layer thickness: (a) 4.5 um, (b) 7 um and (c) 12
um.

—Pt 12 micon

—Pt 7 micron \
—Pt 4.5 micron

Intensity (a.u.)
-

42

20 (deg)

Figure 9.12: Detail of the XRD diffractograms highlighting NiAl and PtAlz peak shifting.

9.3 Oxidation resistance of Pt-aluminides with different initial Pt layer thickness
Isothermal oxidation resistance of Pt-aluminide coatings with varying initial Pt layer thickness was
evaluated by monitoring mass gain during exposure at 1100 °C, as shown in Figure 9.13. During the
initial stages of oxidation, up to approximately 40 hours, the oxidation kinetics are similar for all three

coatings, indicating that initial Pt thickness does not significantly influence the early growth rate of
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the Al2Os oxide film. This is consistent with findings from prior studies conducted at both 1000 °C
[242] and 1150 °C [104], where the different Pt content was shown to have a negligible effect on
initial oxide scale formation.

However, with continued exposure, significant difference emerge between the behavior of coatings
depending on their composition. After 1000 hours, the coating with an initial Pt thickness of 4.5 um
exhibits the highest mass gain, indicating faster oxide scale growth and inferior long-term oxidation
resistance. In contrast, the coating with 12 um of Pt initially shows the highest weight gain within the
first 100 hours, but its oxidation rate rapidly decreases thereafter, resulting in the lowest cumulative
weight gain after 1000 hours. The 7 um Pt coating displays intermediate behavior, with the slowest
initial oxidation rate, but similar long-term behavior to the coating with 12 pm of Pt.

The quantitative comparison of oxidation behavior is shown by fitting the experimental data using
Monceau parabolic model (Figure 9.13, dashed lines) [53] and comparing the parabolic rate constants
(kp), summarized in Table 9.1. The high correlation coefficients (Rcor™> 0.98 for all samples) confirm
the reliability of the model fit. The significantly higher k, for the 4.5 pm Pt coating highlights its
limited protective capability, while the lower constants for 7 um and 12 pm Pt coatings indicate
superior oxidation resistance, characterized by slower oxide growth during prolonged high-
temperature exposure, suggesting enhanced stability of the B phase, reduced Al depletion, and limited

interdiffusion.
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Figure 9.13: Weight gain curves for Pt-aluminides with different thickness of the initial Pt layer during oxidation tests at 1100°C.

kp (mg?/cm*/h) Reorr
Pt4.5 ym 9,27-10"4 0.983
Pt7 um 6.41-10'4 0.998
Pt 12 um 6.25-10-4 0.994

Table 9.1: Parabolic constants calculated according to Monceau's model for Pt-aluminides with different initial Pt layer thickness and
correlation coefficient of data fitting.
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Cross-sectional micrographs after 1000 hours at 1100 °C provide further insight into the degradation
mechanisms. In the 4.5 um Pt coating (Figure 9.14 (a)), the bond coat appears completely depleted
from the B phase below the oxide scale, and a large layer of y’-NizAl has formed. Moreover, the
widespread presence of large portions of NizAl across the bond coat confirm the severe Al depletion
and local spallation of the oxide scale indicates early stages of failure. Bright Ta precipitates are
dispersed throughout the coating. The higher-magnification image in Figure 9.14 (b) reveals that the
TGO is no longer composed of pure Al-Os. Indeed, an outer layer of Ni- and Ti-rich ALOs is present,
while Ta-rich oxides are visible internally. The formation of mixed oxides is likely the primary cause
of the higher mass gain observed in the oxidation curves. The corresponding EDS elemental map in
Figure 9.15 confirms the above observations, showing substantial Al depletion, Ti and Ni

incorporation in the external oxide, and Cr enrichment in the y’ phase beneath the TGO.
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Figure 9.14: Cross-sectional micrographs after 1000 hours at 1100 °C for the 4.5 um Pt coating: (a) overall coating and (b) higher
magnification of the TGO.
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Figure 9.15: EDS elemental map of 4.5 um Pt coating after 1000h at 1100°C.

In the 7 um Pt coating, Figure 9.16 (a) shows a less extensive formation of NisAl, suggesting a slower
rate of Al depletion compared to the 4.5 pm case. However, B phase degradation is still evident below

the oxide, and some regions of oxide spallation are visible, indicating that the coating is nearing the
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end of its protective life. A Ni- and Ti-rich outer oxide scale is again present, as shown in Figure 9.16
(b). Despite being thinner and more discontinuous than in the 4.5 Pt coating, it still implies that Al
amount in the coating is not sufficient to guarantee the selective oxidation of Al to protective pure

and dense Al>O3 anymore.
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Figure 9.16: Cross-sectional micrographs after 1000 hours at 1100 °C for the 7 um Pt coating: (a) overall coating and (b) higher
magnification of the TGO.

Conversely, the 12 um Pt coating shows considerably lower formation of NisAl even after 1000 hours.
As shown in Figure 9.17 (a) and (b), the coating still exhibits a dense and adherent a-Al.Os scale,
demonstrating excellent oxidation resistance. It suggest that a higher Pt content acts as a more
effective diffusion barrier, suppressing Ni and Ti outward diffusion and thereby mitigating the
formation of non-protective Ni and Ti oxides. This effect also contributes to stronger adherence of

the TGO, since formation of fragile mixed oxides is retarded.

(b)

Figure 9.17: Cross-sectional micrographs after 1000 hours at 1100 °C for the 7 um Pt coating: (a) overall coating and (b) higher
magnification of the TGO.

Ta-rich precipitates are present in all three coatings, with no significant variation in distribution or
morphology, suggesting that Pt content does not noticeably influence Ta mobility during prolonged

oxidation. Additionally, no internal porosity or void formation was observed in any of the coatings
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even after 1000 hours, indicating excellent microstructural stability of the bond coats fabricated
through the electroless plating and slurry processes.

XRD spectra of the coatings after 1000 hours of oxidation are shown in Figure 9.18. All three coatings
exhibit similar phase compositions, with peaks corresponding to NizAl that forms as a result of Al
depletion and B phase consumption. However, the relative intensity of the peaks varies, indicating
different quantities of these phases. Notably, in the coatings with initial Pt thicknesses of 4.5 um and
7 um, the NiAl peaks correspond to an Al-deficient (hypostoichiometric) f phase (JCPDS 44-1185),
and peaks of NiAlO4 spinel and TiO: are clearly present. In contrast, no spinel or other oxide peaks
are detected in the 12 um Pt coating, confirming its reduced Al consumption and enhanced ability to

maintain a stable, protective oxide layer throughout high-temperature exposure.
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Figure 9.18: XRD spectra of coatings after 1000h of oxidation at 1100 °C.

Taken together, these results demonstrate that increasing Pt content up to at least 12 um significantly
enhances the oxidation resistance of Pt-aluminide coatings during isothermal exposure at 1100 °C.
This is in disagreement with prior literature, which has often reported optimal oxidation resistance
for coatings with 5—7 um of initial Pt [112,114,242]. The discrepancy may arise from differences in
coating architecture and the uniform Pt distribution enabled by the electroless plating process
employed in the current study. It is also noteworthy that all Pt-aluminide coatings produced using the
optimized slurry process, whether with comparable, higher, or lower Pt thickness, exhibited superior
high-temperature oxidation resistance compared to those fabricated by the industrial method
described in Chapter 8. The inferior performance of the industrial coatings can be attributed to their
extremely low aluminum content, which led to severe Al depletion and extensive oxide spallation
after only ~600 h of exposure. These findings emphasize the need for a synergistic balance among all

coating constituents and underscore the critical importance of controlling every step of the
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manufacturing process to achieve the desired microstructure. Nonetheless, it is important to point out
that the presented results pertain exclusively to isothermal oxidation resistance. Further testing,
including cyclic oxidation and thermal fatigue studies, will be required to evaluate the long-term

durability and industrial applicability of these coatings under more realistic service conditions.

9.4 Conclusions
This chapter focused on optimizing a slurry-based aluminizing method and assessing the effects of
initial platinum layer thickness on the microstructure and oxidation behavior of Pt-aluminide
coatings.
The optimal initial slurry loading was determined to be 100 mg/cm?, producing coatings with uniform
Al/Ni ratios compatible with B-NiAl formation. Thinner or thicker layers led to Al-rich and Al-
deficient regions, respectively, due to imbalanced aluminum transport during diffusion. Adjusting the
slurry concentration in the reaction chamber identified 6.50 mg/cm? as optimal, offering increased
coating thickness while maintaining favorable phase composition. Lower or higher concentrations
resulted in the formation of NizAl or Ni2Als, respectively, both detrimental to coating performance.
The optimized process was successfully applied to fabricate Pt-aluminide coatings. A 5 um Pt layer
followed by aluminizing produced a 98 um coating with a biphasic outer region of {-PtAl. and -
(N1i,Pt)Al. EDS analysis confirmed the presence of a stable B-phase throughout the coating thickness,
also near the IDZ.
Initial Pt thickness had a pronounced effect on coating microstructure. Pt layers of 4.5 um, 7 pm, and
12 um were studied. All coatings exhibited a biphasic outer region of {-PtAl: and B-(Ni,Pt)AL over a
single-phase B zone. Thicker Pt layers yielded increased total coating thickness of the coating and
thicker dual-phase regions (30 to 63 um), with higher PtAl. content near the surface. Nonetheless, the
Al/Ni ratio in the B phase remained constant (~1.1) across all samples.
Increasing Pt thickness enhanced oxidation resistance at 1100 °C for up to 1000 h by stabilizing the
B-phase and promoting a-Al:Os scale formation. Thinner Pt layers led to faster Al depletion and the
appearance of spinels and TiO2, compromising protection.
In conclusion, the optimized slurry parameters enable the formation of oxidation-resistant coatings
with controlled phase composition and diffusion profiles. The Pt layer thickness strongly influences
coating architecture and oxidation behavior by modifying phase proportions, diffusion profiles, and

growth kinetics, although long-term cyclic testing is recommended for comprehensive evaluation.
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10. Electroless Ni-modified Pt-aluminides

Building upon the optimized slurry aluminizing and electroless platinum deposition process
developed in Chapter 9, this chapter investigates the advanced modification of Pt-aluminide bond
coat architecture through the incorporation of an additional, electroless deposited pure nickel
interlayer. Deposited above Pt layer prior to subsequent diffusion and aluminizing steps, this
intermediate Ni layer is designed to strategically modify concentration gradients and chemical
activity of the diffusing species during both the pre-aluminizing heat treatment and the aluminizing
process itself. These changes can significantly affect the resulting microstructure of the coating, with
the aim of enhancing the B-NiAl reservoir and mitigating the formation of brittle outer phases, such
as (-PtAl.. This microstructural refinement is expected to improve the mechanical integrity of the
coating, particularly under cyclic and long-term thermal exposures where outer-layer embrittlement
is a critical concern.

Moreover, the presence of the Ni layer acts as an external Ni source, thereby reducing the extent of
Ni depletion from the underlying superalloy during coating formation and mitigating interdiffusion
between the coating and the substrate during high temperature exposure.

Extensive interdiffusion of Al and Ni during high-temperature service can disrupt the coherent y/y’
microstructure, facilitating the precipitation of TCP phases. These are typically enriched in refractory
elements such as W, Re, Mo, and Cr, which have significantly lower solubility in both the 3 and '
phases compared to the y matrix. As a result, the refractory species are progressively rejected during
exposure and their precipitation becomes inevitable, leading to the formation of a SRZ at the
coating/substrate interface (below the IDZ).

The formation of these TCP phases, particularly in needle- or platelet-like morphologies, is widely
recognized as detrimental to the high-temperature mechanical performance of superalloys. Their
presence reduces the concentration of solid solution strengthening elements and promote
intergranular embrittlement, negatively impacting creep resistance and fatigue resistance [101,208];

To address this issue, the Ni interlayer serves a dual purpose: it provides an auxiliary Ni source to
support the formation of the B-phase during aluminizing, thereby minimizing Ni depletion from the
superalloy substrate, and it acts as a diffusion buffer that retards the extent of coating-substrate
interdiffusion, reducing the driving force to TCP precipitation.

Numerous strategies have been previously proposed to limit interdiffusion between metallic coatings
and superalloys. These include the addition of reactive elements [101,243-245] and the incorporation
of inert second-phases to create diffusion barriers [246—248]. However, relatively few studies have

examined the effect of introducing an additional pure Ni layer as a strategy to modify aluminide
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coatings [73,249,250], and only one has addressed its application to Pt-aluminides specifically [128].
To the author’s knowledge, no systematic study has yet been conducted to explore how the thickness
of the pre-deposited Ni interlayer influences the microstructure and oxidation resistance of Pt-
aluminide coatings. This chapter addresses this gap by examining the influence of electroless Ni
interlayers with initial thicknesses of 5, 10, 20, and 40 um. Sketch in Figure 10.1 illustrates the
procedure for the manufacturing of modified coatings. The study analyzes the resulting
microstructure and elemental distribution after both the diffusion heat treatment and the aluminizing
process. Furthermore, the high-temperature performance of the coatings is evaluated through

isothermal oxidation tests conducted at 1100 °C for durations of up to 1000 hours.

1. Pt deposition 2. Diffusion treatment 3. Aluminizing treatment
N <
Ni deposition slurry "
AV

Pt layer

Base superalloy Base superalloy Base superalloy
Figure 10.1: Sketch of the procedure for the manufacturing of Ni modified Pt aluminides.

10.1 As deposited and as diffused coatings
A representative cross-sectional micrograph of the as-deposited Pt/Ni multilayer system is shown in
Figure 10.2. Both the platinum and nickel coatings appear uniform and well-adherent to the substrate.
Although some microcracks are visible within the Pt layer, there are no regions of substrate exposure.
In contrast, the Ni layer exhibits a dense, compact, and defect-free structure. Notably, the electroless-
deposited Ni layer penetrates into the existing cracks of the Pt layer, ensuring a continuous and fully

sealed multilayer structure.

Electroless Ni

“Flectroless Pt

Ren¢ N4 superalloy

Figure 10.2: SEM-BSE cross-sectional micrograph of the as-deposited Pt/Ni multilayer system.
The surface morphology of the electroless Ni coating is presented in Figure 10.3 (b). In accordance
with prior observations [210], the surface displays a hierarchical topography, with nodular features
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at the microscale and nanoscale protrusions forming spike-like structures. For comparison, the

cauliflower-like morphology of the as-deposited Pt surface is shown in Figure 10.3 (a).

Figure 10.3:. Morphology of the as-deposited Pt layer (a) and Pt/Ni multilayer system (b).

Substantial changes in surface morphology occur after the pre-aluminizing diffusion heat treatment
for both the standard and Ni-modified systems, as illustrated in Figure 10.4. The surfaces become
similar and evolve toward a more coarsened and granular structure, as reported in [251]. Single grains
in the Pt-only surface are considerably smaller, suggesting a lower initial grain size of the Pt structure.
Both coatings appear free of surface defects, and the microcracks originally present in the Pt layer

are no longer visible, suggesting effective stress interlayer diffusion during the heat treatment.

Figure 10.4:. Morphology of the Pt layer (a) and Pt/Ni multilayer system (b) after the pre-aluminizing diffusion heat treatment at
1100°C for 1h.

The cross-sectional microstructure of the diffusion-treated coating without nickel modification is
shown in Figure 10.5 (a). It reveals a dual-layer configuration, with an outer region predominantly
composed of a Pt-rich y phase, and an inner interdiffusion zone consisting of both y and y" phases.
The primary diffusion front is irregular, and no significant enrichment in refractory elements such as
Ta or W is detected, despite their known mobility at temperatures above 1000 °C [236]. EDS analysis

indicates 4.2 at.% Al and 12.2 at.% Pt in the outer y region, while the y/y’ interdiffusion zone contains
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7.4 at.% Al and 16.4 at.% Pt. The presence of superalloy constituents such as Ni, Cr, and Al near the
top surface confirms their upward diffusion during the thermal treatment [238]. Voids are observed
at the interface between the interdiffusion zone and the substrate, which are attributed to the
Kirkendall effect, as previously documented [106,252,253]. These voids follow the Pt diffusion front
and are attributed to vacancy condensation resulting from unequal interdiffusion rates between
elements [253]. When a 5 um electroless Ni layer is introduced prior to the diffusion heat treatment,
the microstructure remains dual-layered with an outer Pt-rich y phase and an inner interdiffusion zone
comprising y and Y’ phases (Figure 10.5 (b)). As expected, the overall diffusion layer becomes thicker,
and the external y region expands. The y" phase content in the interdiffusion zone is reduced,
suggesting that the additional Ni promotes more uniform Pt dilution during diffusion. Al
concentration in the outer region is slightly lower (3.6 at.%), while in the interdiffusion zone it
increases significantly to 17.8 at.% in correspondence with Pt-rich y* domains. Importantly, no
Kirkendall porosity is observed in this case, indicating that the altered diffusion gradients due to the
Ni interlayer reduce vacancy supersaturation and suppress void formation.

As the thickness of the Ni interlayer increases to 10 um (Figure 10.5 (c)), the diffusion layer becomes
further extended, and the y' phase presence diminishes. In this case, y' precipitates are only
sporadically found below the initial substrate interface, identifiable by embedded Al.Os particles left
from the sandblasting process. An even thicker diffusion layer is observed for coatings with 20 pm
Ni and further decreased amount of Pt-rich y’ phase is present (Figure 10.5 (d)), to eventually become
not visible for the 40 um thick Ni interlayer (Figure 10.5 (e)). In the thicker Ni-modified coatings,
small voids begin to form within the diffusion layer above the original interface. These are likely
associated with the Kirkendall effect, but now manifest within the multilayer itself rather than at the
substrate boundary. The extent of void formation increases with Ni thickness, indicating that an
excess Ni supply might locally disrupt balanced diffusion, leading to supersaturation and subsequent
void coalescence.

Interestingly, the diffusion layer does not continue to thicken indefinitely with increased Ni interlayer
thickness. The coating produced with 40 um of Ni shows a reduced diffusion depth compared to the
20 pm variant. This behavior can be explained by considering that once a sufficient quantity of Ni is
available to fully dilute the Pt during diffusion, further increases in Ni thickness do not significantly
alter interdiffusion kinetics. Additionally, the thicker Ni layer could act as a diffusion buffer, slowing
down the advancement of reactive species. This may reduce the overall extent of interdiffusion and

reaction zone development, limiting the growth of the diffusion layer.
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Figure 10.5: SEM-BSE cross sectional micrographs of coatings after diffusion at 1100°C for 1h: (a) Pt-only coatings and coatings
modified with (b) 5 pm Ni, (¢) 10 um Ni, (d) 20 pm Ni, (¢) 40 pm Ni.

EDS concentration profiles for Al, Pt, and Ni across the coating thickness are presented in Figure
10.6 (a—). In all samples, aluminum (Figure 10.6 (a)) exhibits a characteristic profile: its
concentration is lowest at the surface (y region), peaks in the interdiffusion zone where y’ phases are
present and eventually decreases after the interdiffusion zone. The peak is most pronounced in the Pt-
only and 5 pm Ni coatings, while in thicker Ni-modified samples (10, 20, and 40 pm), the Al profile
becomes more gradual and the peak concentration values are reduced.

For Pt (Figure 10.6 (b)), high concentrations are observed near the surface in the Pt-only and 5 pm
Ni coatings, with a maximum in the interdiffusion zone corresponding to the y’' phase. However, for
the 10 um Ni sample, the Pt profile is relatively flat throughout the diffusion zone, dropping only at
the substrate interface. In contrast, the 20 and 40 um Ni coatings show increasing Pt concentration
from the surface inward, with a peak near the original interface before rapidly dropping to zero. This
trend reflects the enhanced dilution of Pt due to the thicker Ni layer, which promotes a more uniform
and deeper penetration of Pt during diffusion. Indeed, the thick Ni interlayer limits Pt accumulation
at the surface and allows homogeneous distribution within the diffusion zone.

Nickel concentration profiles (Figure 10.6 (c)) show increasing surface values with increasing Ni
layer thickness, followed by gradual decreases toward the substrate for all the modified coatings. The
minimum observed in the 5 um Ni coating coincides with the y’ region where Pt and Al peak.
Conversely, in the Pt-only coating, Ni content increases steadily from surface to substrate, but it

stabilizes at the same value as other curves as the substrate is reached.
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Figure 10.6: EDS concentration profiles for Al (a), Pt (b), and Ni (c) as a function of the distance from the surface (depth).

XRD spectra of standard and Ni-modified coatings following diffusion treatment are shown in Figure
10.7. The Pt-only coating exhibits only y'-(NizAl) reflections, with a pronounced left-shift of the
peaks, indicating substantial Pt incorporation within the NisAl lattice [254]. In coatings modified with
5 and 10 um of Ni, both y and ' phases are detected, with the intensity of y peaks increasing with Ni
layer thickness. The left-shift in y' peaks is progressively reduced, suggesting a decreasing Pt content
in the NisAl phase due to improved Ni availability during diffusion. For coatings with 20 and 40 pm
Ni layers, only y-phase peaks are observed due to excess Ni buffering the Pt content, in agreement

with the microstructural observations by SEM micrographs.
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Figure 10.7: XRD diffractograms of coatings after diffusion at 1100°C for 1h: (a) Pt-only coatings, and coatings modified with (b) 5
um Ni, (¢) 10 um Ni, (d) 20 pm Ni, (e) 40 pm Ni.

10.2 As aluminized coatings
Cross-sectional micrographs of Ni-modified coatings are presented in Figure 10.8, with the
micrograph of the standard Pt-aluminide coating shown in Figure 10.8 (a) for reference. All coatings,
regardless of the Ni layer thickness, exhibit a comparable bond coat thickness of approximately
75 um, excluding the IDZ. However, a progressive reduction in the IDZ thickness is observed with
increasing thickness of the pre-deposited Ni layer. This behavior is attributed to the role of the Ni
layer as a nickel reservoir, supplying Ni for B-NiAl phase formation during aluminizing. As the
external Ni thickness increases, more nickel is available to participate in B-phase formation, which
reduces Ni diffusion from the substrate, thereby limiting IDZ development. This inverse relationship
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between IDZ thickness and Ni layer thickness is quantitatively illustrated in Figure 10.9.
Experimental data (35 measurements per Ni thickness and 35 for IDZ) were fitted using the ordinary
least squares method, yielding a linear trend with a high correlation coefficient (Reorr = 0.9988), in
agreement with trends reported for standard aluminides [73]. Despite these changes in IDZ, the
overall bond coat thickness (excluding IDZ) remains constant across all samples, indicating that
aluminum availability, not nickel, limits the total thickness of the aluminide coating under the given
processing conditions.

Significant microstructural evolution is observed with increasing Ni layer thickness. The 5 um Ni-
coated sample, shown in Figure 10.8 (b), exhibits a biphasic outer layer composed of B-(Ni,Pt)Al and
(-PtAl, similar to the standard Pt-aluminide. Beneath this, a homogeneous single-phase B-(Ni,Pt)Al
layer overlays the IDZ. However, the quantity and size of PtAl. precipitates in the outer region are
reduced compared to the standard coating, indicating partial suppression of the Pt-rich phase.

When the pre-deposited Ni layer is increased to 10 um (Figure 10.8 (c)), the outer PtAl> phase is
further diminished, and a thin, single-phase B-(Ni,Pt)Al layer is observed at the surface. With a 20 pm
Ni layer (Figure 10.8 (d)), this outer B-layer becomes significantly thicker, nearly 40 pum, while only
small PtAl. precipitates persist, mainly at grain boundaries. A biphasic region still appears below this
thick pB-layer, suggesting that 20 pm of Ni is not sufficient to fully dilute the Pt content and completely
eliminate PtAl> formation. It should also be noted that in the inner single B-phase layer, the quantity
of finely dispersed precipitates of alloying elements (mainly Cr and Ta), which diffuse from the
superalloy substrate, is significantly reduced as the thickness of the pre-deposited Ni layer increases.
The suppression of the fragile PtAl> phase in the outermost region of the coating with 20 microns Ni
i1s expected to increase mechanical properties, since Pt solid solution strengthening is known to
increase tensile strength [255]. Moreover, according to the work by Taylor et. al [256] the fine
dispersion of second-phase particles present in the outer region can associate with associated high
creep strength. Conversely, two-phase coatings usually exhibit higher hardness and low ductility at
low temperatures. Despite a gain in ductility is expected during high temperature exposure due to the
progressive dissolution of the two-phase NiAl/PtAl, structure, much damage is caused in the first
high temperature cycles, which lead to a shortening in service life by a factor of 2-3 [228,257,258].
As the Ni layer is increased to 40 pum (Figure 10.8 (e)), the microstructure transitions toward a single-
phase -(Ni,Pt)Al coating, free of PtAl» and secondary precipitates. In this case, the single phase beta-
(N1,Pt)Al front has climbed towards the outer surface: an external beta layer free of precipitates forms,
and the microstructure is similar to that of outward grown (low-activity) aluminides [80]. Similar
results are reported in literature for aluminides modified by pre-deposition of Ni or Co prior to pack

or slurry aluminizing [73,249,259,260]. It can be hypothesized that in the presence of a thick Ni layer,
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the B-phase forms primarily through direct reaction between Ni and Al, with limited Al inward
diffusion. As reported by Sarraf et al. [260], high process temperatures and excess Ni favor outward
Ni diffusion, while inward Al diffusion becomes rate-limiting. Moreover, since Ni diffuses more
rapidly than Al, especially in Al-deficient environments [261], this unbalanced diffusion flux gives

rise to Kirkendall-type porosity, which are indeed observed in the 40 um Ni coating.

(2) (b) (c)

Figure 10.8: SEM-BSE cross sectional micrographs of coatings after aluminizing: (a) Pt-only coatings and coatings modified with (b)
S um Ni, (c) 10 pm Ni, (d) 20 pm Ni, (e) 40 pm Ni.

25

{,\ y=-0.553x +22.455
=20 g R, =0.9988
g \\+
3
215 N
: e
Z 10 S

~
~
® Experimental data N
— = Linear fit RN
0 —
0 10 20 30 40 50

Pre-deposited Ni thickness (um)

Figure 10.9: Progressive reduction of IDZ as a function of the thickness of the pre-deposited nickel layer. Experimental data were
fitted according to ordinary least squares method, to prove the inverse linear trend.

Elemental concentration profiles obtained by EDS for the standard and Ni-modified Pt-aluminides
are displayed in Figure 10.10. The gap between Ni and Al concentrations narrows as the Ni layer
thickness increases, since the higher Ni availability promotes the formation of a Ni-richer layer. For

the Pt-only and 5 um Ni coatings, the profiles are very similar, except for a slightly higher Ni
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concentration in the outer region of the 5 um Ni sample, which reflects the contribution of the
additional Ni layer without significantly altering the overall phase structure.

In contrast, the 10 pm Ni coating shows a different concentration profile, which closely mirrors the
corresponding cross-sectional microstructure. In this case, a thin, hyper-stoichiometric NiAl layer
forms at the surface, indicating an excess of Ni relative to Al. This is followed by a biphasic region,
enriched in both Pt and Al, and a final hypo-stoichiometric B phase in the innermost part of the
coating, characterized by reduced Al content. This gradient corresponds well with the microstructural
stratification observed in cross-sectional imaging.

In the Pt-only, 5 um, and 10 um Ni coatings, a higher Cr content is also detected in the outer region.
This can be attributed to the limited solubility of Cr in the B-NiAl phase [262], and the tendency for
PtCr intermetallics to form under Pt-saturated conditions, which, during high-temperature exposure,
decompose and release Cr back into the matrix [238].

For the 20 um Ni sample, the Pt concentration increases notably within the biphasic region, while the
outermost zone displays a quasi-stoichiometric NiAl composition. Moving inward, the B-phase
becomes slightly Al-deficient, with an average Al/Ni atomic ratio of approximately 0.9 in the layer
just above the IDZ.

In the 40 pm Ni coating, the entire B-phase region exhibits a consistent hypo-stoichiometric
composition, with an average Al/Ni ratio of 0.71. This confirms that Al availability becomes the
limiting factor in coating formation when excess Ni is present. This stoichiometry also explains the
outward growth mechanism of the coating: Al and Ni diffusivities vary strongly with composition,
and Al diffusion becomes increasingly limited in Ni-rich environments [263-265], promoting the
formation of outward-growing coatings. A platinum-enriched region is observed in correspondence

of the interface between the coating and the substrate, coinciding with the former location of the IDZ.
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Figure 10.10: EDS concentration profiles as a function of the distance from the surface (depth) for the standard Pt-aluminide (a) and
for Pt-aluminides modified with 5 um Ni (b), 10 um Ni (c), 20 um Ni (d) and 40 pm Ni (e).

XRD diffractograms of all coatings are shown in Figure 10.11, and they support the microstructural
and compositional observations discussed above. For the standard Pt-aluminide, as well as the 5 pm
and 10 pm Ni-modified coatings, both NiAl and PtAl. diffraction peaks are clearly identified. This is
consistent with the presence of a biphasic microstructure observed in cross-sectional analysis,
comprising a dominant $-(Ni,Pt)Al matrix with secondary PtAlL. precipitates in the outer region.

However, the relative intensity of the PtAl: peaks progressively decreases with increasing thickness
of the pre-deposited Ni layer. This trend indicates a reduction in the volume fraction of PtAl: in favor
of the NiAl phase, as more Ni becomes available during aluminizing, promoting the formation of a

more uniform B-NiAl phase and diluting Pt to levels insufficient for PtAl: precipitation.
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In contrast, for the coatings modified with 20 pum and 40 um Ni, only NiAl peaks are detected.
Although a biphasic region is still visible in the cross-section of the 20 pm Ni coating, the absence of
PtAl: peaks in the XRD spectra can be explained by the limited penetration depth of X-rays, which
likely prevents the detection of the deeper biphasic region. Additionally, the fine dispersion and low
volume fraction of PtAl. precipitates in the outermost layer may result in a signal too weak to be

resolved above the background noise.

(a)

. O MNiAl

— Ptoonly
— Pt+5 um Ni

Intensity (a.u.)

= Pt+ 10 pm Ni

20 Position (deg)

(b)
o 0 NiAl
® PtAl,
3
&
g 0
= o N .
L3 -JL © o 5 ¢ — Pt+20 um Ni
= K —— Pt + 40 um Ni
i
0
[ J I LA 0
20 40 60 80 100

20 Position (deg)
Figure 10.11: XRD diffractograms of coatings after aluminizing: (a) standard Pt-aluminide (upper, black), Pt-aluminide modified with

5 um Ni (middle, red) and Pt-aluminide modified with 10 pm Ni (lower, blue); (b) Pt-aluminide modified with 20 pm Ni (upper, black)
and Pt-aluminide modified with 40 um Ni (lower, red).

10.3 Oxidation resistance
The isothermal oxidation resistance of Pt-aluminide coatings modified by the introduction of a pre-
deposited nickel layer of varying thickness was assessed by monitoring mass gain during exposure at
1100 °C in air. The evolution of weight gain over the first 100 hours of exposure is reported in Figure
10.12. In this early stage of oxidation, coatings modified with Ni consistently exhibit higher weight

gain compared to the standard Pt-aluminide, indicating a faster growth of the oxide scale.

152



This initial behavior can be attributed to the role of platinum in stabilizing the oxide scale. Previous
studies [108,120,121] have shown that Pt plays a crucial role in facilitating the transformation of
transient 0-Al2Os; to the more stable a-Al.Os. This transformation is typically accompanied by
significant volume changes and the development of internal stresses, which can compromise scale
adhesion. Pt reduces these stresses and promotes a faster and more uniform a-phase formation,
thereby enhancing oxide scale adherence and reducing spallation. However, in Ni-modified coatings,
the introduction of a Ni-rich outer layer results in reduced local Pt concentration near the coating
surface, especially in the early stages of exposure. Consequently, this Pt-driven stabilization

mechanism is suppressed, and initial oxide scale growth is accelerated.
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Figure 10.12: Weight gain curves of the first 100 h of oxidation at 1100°C for Pt-aluminides modified with different thickness of the
pre-deposited Ni layer.

When the analysis is extended to 1000 hours of exposure (Figure 10.13), a marked change in oxidation
behavior is observed. Coatings with 5 um and 10 pm of pre-deposited Ni show significantly lower
total weight gain compared to the standard Pt-aluminide, with the 10 pm Ni-modified sample
exhibiting the best long-term performance. The coating with 20 pm of Ni displays a weight gain curve
that is comparable to that of the unmodified Pt-aluminide, showing comparable overall weight gain
after 1000 h of exposure. The worst performances are exhibited by the coating with 40 pm of Ni, with
are characterized by the highest weight gain over the entire timeframe.

These trends are quantitatively supported by fitting the experimental data with Monceau’s parabolic
oxidation model [53], as shown in Figure 10.13 (dashed lines). The parabolic rate constants (reported
in Table 10.1) provide a measure of oxidation kinetics: a lower constant indicates slower oxide scale
growth, reduced Al depletion, and more stable B-phase retention during high-temperature exposure.
Accordingly, the 10 um Ni-modified coating exhibits the lowest parabolic constant, confirming its
superior long-term oxidation resistance, while the 40 pm Ni-modified coating is characterized by the

highest, confirming the worst protective properties likely associated with the lower availability of 3-
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NiAl in the coating. The high value of the correlation coefficient (Rcor™>0.97 for all samples) confirms

the good fitting.
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Figure 10.13: Weight gain curves up to 1000 h of oxidation at 1100°C for Pt-aluminides modified with different thickness of the pre-
deposited Ni layer.

kp (mg?/cm*/h) Reorr

Pt 6.75510" 0.973
Pt+5 um Ni 5.058~10_4 0.995
Pt + 10 pm Ni 265810 0.989
Pt +20 pum Ni 6_433.1()'4 0.989
Pt + 40 pm Ni 1.500- 1()'3 0.995

Table 10.1: Parabolic constants calculated according to Monceau's model for the standard Pt-aluminide and for coatings modified with
different thickness of the pre-deposited Ni layer.

Understanding the oxidation behavior of these coatings requires consideration of two interrelated
factors: (i) the amount and spatial distribution of Pt within the bond coat, and (i1) the availability of
Al within the B-phase matrix. When the Ni layer thickness is increased up to 10 pm, Pt becomes more
uniformly distributed throughout the coating, and the formation of PtAl. is considerably reduced.
This favors the incorporation of Pt into the NiAl lattice, forming a stable and protective B-(Ni,Pt)Al
phase. This phase not only improves selective Al oxidation and the formation of a dense Al.Os scale,
but also enhances its adhesion [100,108]. Moreover, uniform Pt distribution avoids the detrimental
segregation effects observed in coatings with Pt-rich precipitates, where localized depletion of Ni and
Al can promote premature degradation [105].

In contrast, when the Ni layer thickness is increased to 20 pm, the outer region of the coating becomes
significantly depleted in Pt, while Pt concentration is highest in the central region of the bond coat.
This distribution limits the effectiveness of Pt-related oxidation resistance mechanisms in the most
critical area near the surface. As a result, the initial oxide scale formation is less controlled, and long-
term performance does not improve further. However, it must also be considered that the high Ni

content in the outermost region promotes the formation of an Al-rich B-NiAl phase. This phase
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exhibits inherently high oxidation resistance, even in the absence of Pt, due to its ability to maintain
a protective Al>Os layer [266,267]. Additionally, the Pt reservoir beneath acts as a diffusion barrier
which can limit the inward diffusion of Al, helping retain Al in the outer coating and delaying
depletion. These two opposing effects (reduced Pt-assisted oxide stability on one hand, and enhanced
intrinsic Al retention on the other) likely balance out, resulting in an overall performance comparable
to standard Pt-aluminide coatings. In addition, it is worth considering that the suppression of the
fragile PtAl> phase in the outermost region of the coating with 20 microns Ni is expected to increase
mechanical properties [255], which reduce the likelihood of oxide scale cracking and rumpling [268].
Thus, the microstructural modification associated with Ni addition may also contribute indirectly to
enhanced oxidation resistance by improving the mechanical stability of the TGO.

Figure 10.14, Figure 10.15 and Figure 10.16 present the microstructural evolution of Ni-modified Pt-
aluminide coatings after 100 h, 500 h, and 1000 h of isothermal exposure at 1100 °C, respectively.
After 100 h of oxidation (Figure 10.14), early signs of NisAl nucleation, indicated by the light grey
regions in BSE contrast, are observed only in the coating modified with 5 um of Ni (Figure 10.14
(a)). This happens despite the relatively low weight gain of same sample during this initial exposure
period, suggesting that Al depletion due to oxide growth, whose scale appears dense and adherent, is
not the only factor governing y' formation. In contrast, coatings with higher Ni layer thicknesses (10,
20, and 40 pm, in Figure 10.14 (b), (c¢) and (d), respectively) do not yet show significant NizAl
formation, with only a few isolated precipitates forming along grain boundaries. The delayed
appearance of NisAl in these coatings suggests that a thicker pre-deposited Ni layer results in a more
robust B-NiAl reservoir, which slows Al depletion in the early stages of oxidation by providing a
greater capacity for Al storage and controlled diffusion. This aligns with literature findings indicating

that thicker B-phase layers can buffer Al depletion during early oxidation stages [238].
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Pt +5 pm Ni Pt + 10 pm Ni

Pt + 20 pm Ni Pt + 40 pm Ni

Figure 10.14: Cross-sectional micrographs after 100 hours of exposure at 1100 °C for coatings modified with: (a) 5 pm Ni, (b) 10 um
Ni, (¢) 20 pm Ni and (d) 40 pm Ni.

At 500 h (Figure 10.15), the formation of NizAl precipitates becomes more pronounced. Coatings
modified with 10 and 20 pm of Ni ( Figure 10.15 (b) and (c)) begin to exhibit larger NisAl regions,
especially at triple grain junctions, indicating progressive transformation of the B-phase due to
continued Al depletion. Nevertheless, the oxide scale remains dense and adherent, which is critical
for maintaining oxidation resistance. The delayed B-to-y’ transformation further supports the
stabilizing effect of Pt and Ni on the B-(Ni,Pt)Al phase.

In the 40 um Ni coating (Figure 10.15 (d)), degradation mechanisms become more pronounced. The
significant outward diffusion of Ni and inward diffusion of Al result in Al depletion at the interface,
accompanied by the formation of Kirkendall voids and a visible diffusion front. These are classical
indicators of long-range interdiffusion and element imbalances, as reported by Pint et al. [105], and
they weaken the mechanical integrity of the bond coat. Similar results on void formation were
reported by Vialas and Monceau [133] after long terms exposure at 1050°C of Al-defective B-
(Ni,Pt)Al coatings.
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(a) (b)

Pt +5 pm Ni Pt + 10 pm Ni

Figure 10.15:. Cross-sectional micrographs after 500 hours of exposure at 1100 °C for coatings modified with: (a) 5 pum Ni, (b) 10 um
Ni, (¢) 20 pm Ni and (d) 40 pm Ni.

At 1000 h (Figure 10.16), the all coatings still retain a significant fraction of the B-phase, although
the inner regions have partially transformed into the y'-(NisAl) phase. This transformation is a classic
consequence of prolonged Al depletion, where the remaining matrix lacks sufficient Al to stabilize
the B-(Ni,Pt)Al phase and instead favors the precipitation of y'. The degree to which this
transformation progresses varies between samples. Notably, the 10 um Ni coating retains the thickest
and most continuous B-phase region, in agreement with its superior oxidation resistance as determined
from oxidation kinetics curves (Figure 10.13). The persistence of the B-phase in this coating reflects
a balanced Pt and Al distribution, which optimizes both oxidation resistance and structural stability

over long-term exposure.
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(a) (b)
Pt +5 pm Ni Pt + 10 pm Ni

Pt + 20 pm Ni

Figure 10.16: Cross-sectional micrographs after 1000 hours of exposure at 1100 °C for coatings modified with: (a) 5 um Ni, (b) 10
pm Ni, (¢) 20 pm Ni and (d) 40 pm Ni.

To fully assess oxidation behavior, Figure 10.17 documents the evolution of the alumina scale across
all coatings at 100, 500, and 1000 h. Up to 500 h, a dense, continuous, and adherent a-Al.Os scale is
observed in all modified coatings, confirming their protective properties. By 1000 h, the oxide scale
has thickened significantly due to ongoing oxidation, yet remains mostly adherent in all cases. Local
spallation is observed only in the 5 um and 10 um Ni coatings, and even then, only in limited areas.
Notably, in these coatings, the presence of bright Ta-rich precipitates within the oxide layer is
observed, likely originating from substrate diffusion. The presence of such precipitates is undesirable
as they may compromise the integrity of the oxide scale, acting as stress concentrators or promoting
micro-crack initiation. Conversely, Ta contamination is absent in the coatings modified with 20 and
40 um of Ni, suggesting that thicker Ni layers act more effectively as diffusion barriers, limiting the
outward migration of refractory from the substrate. This enhances the chemical purity of the oxide
scale and helps preserve its protective function.

In the 20 pm Ni coating, the oxide scale at 500 h appears denser and more adherent than at 100 h,
indicating that a longer incubation period is needed to form a fully protective oxide layer. This delay
is consistent with the reduced Pt concentration in the outer region due to initial dilution by the thick

Ni layer. As described earlier, platinum plays a critical role in catalyzing the 6- to a-AlOs
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transformation and improving scale adherence. Thus, in the early stages of oxidation, the lower Pt
availability in the 20 pm Ni coating slightly delays the development of a mature, slow-growing a-
AlL:Os scale. However, once formed, the scale remains stable and protective due to the favorable

composition of the underlying B-(Ni,Pt)Al layer and the suppression of detrimental element diffusion.

Pt +5 pm Ni Pt+ 10 pm Ni Pt +20 pm Ni Pt +40 pm Ni

100

500h

1000h

Figure 10.17: Evolution of the alumina scale across all modified coatings at 100, 500, and 1000 h of exposure at 1100°C.

XRD analysis was performed on the surface of Ni-modified Pt-aluminide coatings after 100 h, 500
h, and 1000 h of isothermal exposure at 1100 °C to investigate phase evolution and surface oxidation
products, and spectra are reported in Figure 10.18. For all modified coatings, intensity of the B-NiAl
peaks show a steady decrease in intensity with increasing exposure time; simultaneously, the intensity
of y'-NizAl peaks increases, reflecting the transformation of -(Ni,Pt)Al into y’ due to aluminum
depletion. This evolution is consistent with the SEM cross-sectional observations, which show
gradual Al depletion and nucleation of NisAl at triple junctions and grain boundaries, particularly
after 500 h and 1000 h of exposure.

The relative intensity of the NisAl peaks tends to decrease with increasing initial Ni layer thickness.
This trend matches well with the microstructural evidence indicating that thicker Ni layers. are
associated with a more stable and thicker B-phase reservoir, capable of sustaining Al supply and
delaying transformation into y'. In the 40 um Ni coating, only very weak NisAl peaks are detected,
even at 1000 h, despite the SEM indicating significant y' formation near the substrate. This is

attributed to he limited penetration depth of X-rays, which primarily probe the near-surface region.
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Since NisAl formation in the 40 um coating occurs deeper in the coating, it remains largely undetected
by XRD scans.

For the 5 um Ni coating, TiO: peaks are already visible after 500 h of oxidation. This early appearance
suggests rapid outward diffusion of Ti, likely from the underlying superalloy substrate. The thinner
Ni layer and relatively faster Al depletion may accelerate diffusion of reactive elements like Ti toward
the surface. In contrast, TiO: is only detected after 1000 h in the 10 pm and 20 um Ni coatings,
indicating that thicker Ni layers act as more effective diffusion barriers, delaying Ti migration and
incorporation into the oxide scale. A weak NiAl:Oa spinel peak is identified only in the 20 pum Ni
coating after 1000 h, although such oxide was not observed in SEM cross-sectional analysis.
Nonetheless, the low intensity of the peak and the absence of structural degradation suggests that its

formation is likely very moderate and caused by local Al depletion in the proximity of the oxide scale.
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Figure 10.18: XRD spectra of coatings modified with (a) 5 um Ni, (b) 10 pm Ni, (¢) 20 pm Ni and (d) 40 um Ni after 100, 500, and
1000 h of exposure at 1100°C.
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10.4 Influence of Ni thickness od SRZ formation
The effect of the pre-deposited Ni layer on the formation of TCP phases was investigated by
evaluating the SRZ thickness after 1000 h of isothermal exposure at 1100 °C, as shown in Figure
10.19 for coatings with 5 um (a), 10 um (b), 20 um (c), and 40 um (d) of pre-deposited Ni. Clearly
SRZ thickness decreases as the Ni layer thickness increases, and is eliminated in the coating with a
40 pm Ni layer. This can be explained considering that introduction of a thicker Ni layer greatly
retards interdiffusion processes between the coating and the underlying superalloy substrate. This was
already demonstrated in the as-aluminized condition, when it was observed that IDZ becomes
progressively thinner as the Ni layer thickness increases and fewer precipitates were present in the
inner bond coat layer, indicating reduced outward diffusion of superalloy elements (particularly
refractory elements such as Re, W, and Mo) and lower inward flux of Al during coating formation.
During long-term high-temperature exposure, Al diffuses inward, while Ni diffuses outward: this
elemental redistribution destabilizes the coherent y/y" microstructure of the substrate, promoting TCP
phase precipitation. These phases typically nucleate when solute atoms such as Ta, W, Mo, or Cr
become supersaturated due to their limited solubility in the B and y’ phases compared to the y matrix,
leading to their segregation and eventual precipitation [102,209]
These needle-like or platelet like TCP phases observed in the SRZ are particularly detrimental, as
they cause: (i) local depletion of solid-solution strengthening elements, (ii) increased brittleness,
especially along grain boundaries and (ii1) reduced creep strength and fatigue resistance due to
microstructural degradation and crack initiation at phase interfaces.
The introduction of a pre-deposited Ni layer serves as an effective diffusion barrier, performing two
key functions:

1. Retards inward Al diffusion from the coating to the substrate;

2. Suppresses Ni depletion from the substrate, thereby maintaining the y/y’ balance and limiting

the driving force for TCP formation.

With increasing Ni layer thickness, these effects become more pronounced and amount of TCP phases
as well as overall thickness of the SRZ are reduced. In the case of the 40 um Ni layer, diffusion
between the coating and substrate is so limited that no IDZ is observed even in the as-aluminized
state. Consequently, during service at high temperature, no SRZ develops, and the coherent y/y’
microstructure of the substrate remains stable. This stability correlates with the near-complete
absence of TCP precipitates in these coatings, as visually confirmed in Figure 10.19(d).
By reducing or preventing the precipitation of brittle TCP phases better creep resistance and ductility

are preserved, leading enhanced overall mechanical integrity of the system.
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Figure 10.19: SRZ thickness after 1000 h of exposure at 1100°C for coatings modified with 5 um (a), 10 um (b), 20 um (c), and 40 pm
(d) of pre-deposited Ni.

10.5 Conclusions
This chapter investigated the modification of Pt-aluminide bond coat architectures by inserting an
electroless-deposited Ni interlayer after Pt deposition, prior to diffusion and aluminizing. The
addition of a Ni interlayer modifies the concentration gradients during diffusion and aluminizing,
enabling effective control over phase formation and distribution.
As the Ni layer thickness increased from 5 um to 40 pm, the coating evolved from a dual-phase
structure (B-(Ni,Pt)Al + {-PtAl) to a nearly single-phase B-(Ni,Pt)Al microstructure. The progressive
suppression of the brittle PtAl: phase represent a substantial improvement in the expected mechanical
integrity of the bond coat.
Increasing the Ni interlayer thickness also led to a systematic reduction in IDZ thickness, reflecting
its role as an external Ni reservoir during aluminizing. A Ni thickness of 10-20 um offered the most
effective balance: minimizing PtAl, reducing IDZ thickness and maintaining a favorable B-phase
structure without the insurgence of porosity.
Coatings modified with a 10 um Ni layer demonstrated the lowest weight gain and oxidation rate over
1000 h, confirming the optimal balance between Pt and Al distribution in the f-phase matrix. In

contrast, 40 um Ni coatings showed the worst performance, likely due to lower Al content in the B-
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phase and reduced Pt availability at the surface. Early-stage oxidation revealed faster oxide growth
in Ni-modified coatings due to delayed Pt-facilitated 0- to a-Al.O; transformation, underscoring Pt's
role in early oxide stabilization.

All coatings developed adherent a-Al.Os scales, with thicker Ni layers acting as diffusion barriers,
limiting refractory element migration and improving oxide purity. Over time, B-phase transformation
to y'-NizAl occurred due to Al depletion. However, 10 and 20 pum Ni variants best retained a
continuous B-phase region, correlating with superior oxidation resistance. Delayed y' formation in
thicker Ni coatings suggests enhanced Al retention.

Eventually, it was demonstrated that thicker Ni layers significantly reduced SRZ formation after high
temperature exposure, limiting the formation of TCP phases by reducing interdiffusion with the
substrate.

The 10 um Ni-modified coating achieved the best compromise between oxidation resistance and
microstructural stability, maintaining high Pt activity near the surface for early-stage oxide
stabilization and preserved Al availability during prolonged exposure, while minimizing harmful
interdiffusion.

In conclusion, the controlled application of a Ni interlayer offers a new and robust tool for the precise
engineering of Pt-aluminide bond coats, contributing to the development of thermal barrier systems

with enhanced resistance, durability and efficiency.
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11. Pt-aluminide nanocomposite coatings

The final stage of this work investigates the preliminary development of nanocomposite Pt-aluminide
coatings incorporating Al2Os nanoparticles, with the aim of enhancing oxidation resistance through
microstructural refinement and oxide scale stabilization. This approach exploits the inherent
advantages of electroless deposition, which, being a deposition from liquid phase, is especially well-
suited for the co-deposition of solid inert particles within the metallic layer, enabling a uniform
distribution of nanoparticles even on components with complex geometries.

The incorporation of Al.Os nanoparticles into the electroless Pt layer prior to aluminizing is
hypothesized to offer multiple benefits. Most notably, these nanoparticles are expected to function as
epitaxial nucleation sites for a-Al>Os, promoting the early formation of the thermodynamically stable
alumina phase during high-temperature oxidation. This is a significant improvement over the typical
formation of metastable y- and 0-alumina, which are associated with faster growth kinetics, inferior
adherence, and phase transformation-induced damage such as microcracking and interfacial voids.
The a-AlOs phase, by contrast, exhibits superior scale adherence, better protection against oxygen
diffusion and greater structural integrity, thereby enhancing the coating’s protective performance.
Moreover, a well-dispersed ceramic phase can help to homogenize the differences in thermal
expansion coefficients, thereby reducing interfacial stress during thermal cycling, and act as a
mechanical barrier to the detrimental diffusion of substrate elements.

This chapter presents an initial exploration into the suspension stability, particle incorporation
efficiency and microstructural characteristics of electroless-deposited Pt layers containing Al.Os
nanoparticles. The subsequent aluminizing step yields a Pt-aluminide nanocomposite coating in
which the distribution and retention of the ceramic phase within the outer regions are critically
assessed and. Preliminary oxidation tests at elevated temperatures are employed to evaluate the effect
of nanoparticle reinforcement on the kinetics and phase composition of the thermally grown oxide
(TGO). The results obtained serve as a proof-of-concept for the feasibility of this nanocomposite
design strategy and provide the foundation for future optimization of particle selection, concentration,

and coating architecture.

11.1 As deposited Pt-nanocomposite
Pt-based nanocomposite coatings were fabricated on René N4 nickel-based superalloy substrates by
electroless plating, in which 10.5 mg/cm? of Pt was deposited as the base metallic matrix. The
incorporation of Al-Os nanoparticles was initiated 10 minutes after the onset of pure Pt deposition,

with particle concentrations in the plating bath equal to 0.25 g/L, 0.5 g/L, 1.0 g/L, and 1.5 g/L. The
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delay in particle introduction was intended to promote nucleation and establishment of a coherent
initial metallic layer, enhancing the adhesion and stability of subsequently incorporated particles.
The surface morphology of the reference Pt coating, deposited in the absence of nanoparticles, is
recalled in Figure 11.1 (a), while the corresponding nanocomposite coatings produced with increasing
concentrations of Al:Os are depicted in Figure 11.1 (b—e). All coatings exhibit the characteristic
nodular (cauliflower-like) microstructure commonly associated with electroless plating. This
morphology arises from the preferential nucleation of Pt at high-energy catalytic sites, followed by
the autocatalytic reduction of metal ions that drives the growth and coalescence of initial nuclei,
leading to the formation of the nodular structure [167].

In nanocomposite coatings, clusters of agglomerated Al.Os nanoparticles are visible on the surface,
as indicated by red arrows in the micrographs. Regardless of particle concentration, all Al.Os-
reinforced coatings display a finer nodule size and more refined morphology compared to the standard
Pt coating. This can be explained considering two primary mechanisms associated with the presence
of nanoparticles: (i) the physical presence of Al-Os within the growing matrix can limit the lateral
growth of individual nodules, thereby promoting the formation of nodule with smaller sizes
[269,270]; (i1)) Al2Os nanoparticles, due to their high surface energy, can act as additional catalytic
sites for deposition, increasing the density of nucleation events and yielding a greater number of
nodules of smaller dimensions [271,272]. These observations align with numerous reports in the
literature where the incorporation of both conductive and inert nanoparticles in electroless coatings
results in altered surface topography and morphology [273,274].

Particle incorporation also appears to reduce the extent and severity of on accretion stresses and
surface cracking. Indeed, all nanocomposites show a noticeable reduction in surface crack density
compared to the standard Pt coating. This behavior may be attributed to the adsorption—desorption
dynamics of nanoparticles at the substrate/solution interface, which likely promote the removal of gas
bubbles (e.g., H2, N2) generated during the oxidation of hydrazine, that would otherwise remain

trapped within the growing metallic layer, inducing local stress and microcracking.
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Figure 11.1: Surface morphology of the standard Pt coating (a) and of nanocomposite coatings manufactured with 0.25 g/L (b), 0.50
g/L (c), 1.0 g/L (d) and 1.5 g/L (e) of AL2O:s.

To provide a more detailed view of nanoparticle incorporation, high-magnification SEM micrographs
of the surface of the coating produced with 1.0 g/L of Al.Os are shown in Figure 11.2 (SE image in
(a) and BSE image in (b)). The corresponding EDS analysis confirms the successful incorporation of
AlLOs into the Pt matrix, with only Pt, Al, and O peaks detected. A minor C peak is also present,
which is attributed to some unavoidable organic contamination due to sample handling and

preparation.
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Figure 11.2: High-magnification SEM micrographs of the surface of the coating produced with 1.0 g/L of Al.Os (SE image in (a) and
BSE image in (b)) and corresponding EDS spectrum.

XRD spectrum of the nanocomposite coating is presented in Figure 11.3. The diffractogram exhibits
intense peaks corresponding to Pt, along with low-intensity diffraction peaks belonging to Al.Os,
which provides further evidence of the successful embedding of ceramic nanoparticles. The low peak
intensity of Al.Os reflects both the small particle size and their relatively low area fraction within the
coating matrix.
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Figure 11.3: XRD spectrum of the Pt-nanoAl>0O3 nanocomposite coating.

Cross-sectional BSE-SEM micrographs of coatings reinforced with varying Al.Os concentrations are
shown in Figure 11.4. A clear dependence of the degree of particle incorporation on the ALOs

concentration in the plating bath is observed. Specifically, coatings fabricated with 0.25 g/L exhibit
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the lowest nanoparticle density. The highest degree incorporation is found at 0.5 g/L, whereas a
modest reduction in incorporated particle density is observed for 1.0 g/L and 1.5 g/L concentrations,

suggesting a non-linear relationship between bath concentration and actual incorporation.

Figure 11.4: Cross-sectional BSE-SEM micrographs of coatings reinforced with 0.25 g/L (a), 0.50 g/L (b), 1.0 g/L (¢) and 1.5 g/L (d)
of AL2Os.

Quantitative analysis of nanoparticle incorporation is presented in Figure 11.5: Figure 11.5 (a) reports
the area fraction (A%) of Al2Os nanoparticles within the coating as a function of their concentration
in the bath, while Figure 11.5 (b) shows the average number of particles per agglomerate (Na), serving
as a metric for in-coating agglomeration. It can be observed that A% increases with increasing particle
concentration up to 0.5 g/L. These results are consistent with many literature data [275-279], and can
be explained by the classical impingement and settling mechanism of particle incorporation
[212,280]. In this model, particles initially undergo reversible physical adsorption on the growing
surface, and given sufficient residence time, they are eventually permanently embedded in the
growing matrix. Higher nanoparticle concentrations increase the local population density near the
deposition interface, enhancing the probability of entrapment.
However, a dramatic decrease in the yield of incorporation is registered when concentration is raised
to 1 g/l and 1.5 g/1. This phenomenon is attributed to particle agglomeration in the plating bath, which
becomes more prevalent at higher concentrations. Indeed, nanoparticles are surrounded by an ionic
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double layer and, due to their high surface energy, are thermodynamically driven to minimize
interfacial free energy through clustering [281]. Although mechanical stirring reduces this tendency,
it cannot fully prevent agglomeration. These larger clusters are less likely to be stably embedded into
the growing metallic matrix due to their size and reduced adhesion, leading to both lower
incorporation yield and higher agglomeration in the coating [282—284]. The increase in Na with
increasing nanoparticles concentration in the plating solution, shown in Figure 10.5(b), further
confirms this interpretation, highlighting that particle—particle interactions dominate the deposition

behavior at higher loadings.
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Figure 11.5: Quantitative analysis of nanoparticle incorporation: (a) area fraction (A%) of Al.Os nanoparticles within the coating and
(b) average number of particles per agglomerate (Na).

From Figure 11.4 it can also be observed that a modest increase in coating thickness is observed for
nanocomposite coatings fabricated with Al.Os concentrations exceeding 0.5 g/L. The increase in
thickness can be attributed to the catalytic role played by Al.Os nanoparticles during the electroless
deposition process. Due to their nanometric size and high surface-to-volume ratio, these particles
provide additional active sites for metal ion reduction, effectively increasing the total available
surface area for deposition. Al2Os nanoparticles readily adsorb onto the substrate or onto the growing
metallic film, acting as heterogeneous nucleation centers. Their presence lowers the activation energy
required for Pt nucleation, thereby accelerating the local deposition kinetics. As a result, for a fixed
deposition time, higher coating thicknesses are attained in the presence of nanoparticles, in agreement
with previous findings on nanoparticle-enhanced electroless processes [275,285].

Interestingly, no further increase in coating thickness is observed when the particle concentration is
raised to 1.0 g/L and 1.5 g/L, indicating the onset of a steady-state regime. This suggests that, beyond
a certain threshold, the rate at which nanoparticles approach and interact with the substrate becomes
balanced by the rate at which they are co-deposited or desorbed, thus limiting any further increase in
catalytic surface area [286,287].

To further confirm the catalytic role of Al:Os nanoparticles, a post-deposition analysis was conducted.

At the end of plating experiments performed with 0.5 g/L of AL:Os, the plating bath was filtered to
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recover residual nanoparticles that were not embedded in the coating. The recovered particles were
subsequently examined via SEM and EDS, as shown in Figure 11.6. The EDS spectrum reveals the
presence of Pt on the surface of the isolated nanoparticles, indicating that Pt was nucleated and
partially deposited on suspended Al.Os particles within the bath. This observation confirms their
catalytic functionality, even in the absence of direct substrate interaction, and supports the conclusion
that AL-Os particles not only act as passive fillers but actively promote Pt reduction reactions, thereby

enhancing the overall deposition kinetics and influencing the final microstructure of the coating.
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Figure 11.6: SEM-BSE micrograph and EDS analysis of WC nanoparticles after deposition.

11.2 As diffused and as aluminized Pt nanocomposite

Based on the superior yield of incorporation and reduced agglomeration observed in coatings
fabricated with 0.5 g/L of Al.Os, this concentration was selected for the manufacturing of the Pt
nanocomposite layer used to modify the Pt-aluminide system. The selected nanocomposite coatings
were subsequently subjected to the diffusion heat treatment at 1100°C for 1h, followed by the slurry
aluminizing process.

The top-view SEM micrograph of the nanocomposite coating after the diffusion treatment is
presented in Figure 11.7. The surface appears uniform, dense, and free of cracks, with Al.Os
nanoparticles visibly and homogeneously distributed across the entire surface. The presence of
nanoparticles on the surface suggests that they remain concentrated in the outermost region of the
coating, a critical requirement to ensure that, during high-temperature oxidation, they may serve as

epitaxial nucleation sites for the growth of the thermodynamically stable a-Al.Os oxide scale.
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Figure 11.7: Surface morphology of the Pt-nanocomposite coating after the diffusion treatment.

Cross-sectional micrographs of standard and nanocomposite coatings after diffusion are provided in
Figure 11.8 (a) and (b), respectively. Both systems exhibit a comparable microstructure, characterized
by the conventional dual-layer y/y’ configuration. The outer layer is predominantly composed of a Pt-
enriched y phase, while the interdiffusion zone contains a mixture of y and y' phases. The primary
diffusion front appears irregular in both cases, and no significant enrichment in refractory elements
is detected, despite their high mobility at temperatures above 1000 °C [236].

The AlOs nanoparticles exhibit limited mobility during the diffusion process, remaining concentrated
in the outer region of the coating. Voids are observed at the interface between the interdiffusion zone
and the substrate, which also coincides with the Pt diffusion front and the Al-depletion zone. Presence
of voids can be explained by the Kirkendall effect, where differential diffusivity between species (in
this case, the faster diffusion of Ni relative to Pt), leads to the accumulation of excess vacancies and
the formation of voids. This effect on similar systems was first observed by Purvis and Warnes [288],
who highlighted the formation of Kirkendall porosity in Pt-plated Ni systems subjected to high-
temperature exposure. Void formation in y/y" coatings has been extensively documented in the
literature [289-293]. While some studies suggest that electroplating parameters may influence void
formation [293], the present work employed electroless Pt deposition, thereby excluding a relation
between void formation and Pt deposition method. Instead, the observed voids are most likely caused
by the net vacancy flux arising from unbalanced interdiffusion during the heat treatment.
Furthermore, it is plausible that the nanometric size of grains in the electroless deposited Pt layer can

enhance atomic diffusivity and void formation kinetics.
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Figure 11.8: Cross-sectional micrographs of standard (a) and nanocomposite (b) coatings after diffusion.

EDS concentration curves of the standard and nanocomposite coatings after diffusion are shown in
Figure 11.9. Concentration profiles of Ni, Al and Pt are comparable in both coatings and no obvious
differences can be observed; nonetheless, the nanocomposite coating displays a slightly higher Al
content in the outermost region, attributable to the presence of Al.Os nanoparticles. Conversely, a
slightly higher Pt concentration near the IDZ is observed in the standard coating, possibly suggesting

that nanoparticles might act as a diffusion barrier to the inward diffusion of Pt.
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Figure 11.9: EDS concentration curves of the standard and nanocomposite coatings after diffusion.

The XRD analysis of the nanocomposite coating after diffusion is presented in Figure 11.10. The
spectrum exclusively exhibits peaks corresponding to y'-NisAl, with a pronounced shift toward lower
diffraction angles, indicative of lattice expansion due to the substitutional incorporation of Pt atoms
into the NisAl lattice [254]. No additional phases are detected, and no significant differences are
observed between the spectra of nanocomposite and standard coatings (refer to Section 10.1),
confirming that the presence of Al:Os nanoparticles does not alter the phase constitution or

crystallographic structure of the metallic matrix after diffusion.
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Figure 11.10: XRD spectra of the Pt-nanocomposite coating after diffusion.

Cross-sectional SEM micrographs of standard and nanocomposite Pt-aluminide coatings after the
slurry aluminizing process are shown in Figure 11.11. Both coatings exhibit a similar microstructure,
composed of an outer dual-phase region consisting of {-PtAl> and B-(Ni,Pt)Al, and an inner single-
phase B-(Ni,Pt)Al zone. The microstructure is typical of inward-grown aluminides, characterized by
the presence of Cr-, W-, and Ta-rich precipitates, which originate from diffusion of refractory
elements from the superalloy substrate, within the single B-phase region. Both standard and
nanocomposite coatings are uniform, dense, and free of porosity throughout the entire cross section.
The total bond coat thickness is approximately 120 um, consisting of a ~35 um outer dual-phase

region and a ~20 pm IDZ.

Figure 11.11: Cross-sectional SEM micrographs of nanocomposite (a) and standard (b) Pt-aluminide coatings after the slurry
aluminizing process.

Higher magnification SEM micrographs of the outer region of the nanocomposite coating are
presented in Figure 11.12. The black spots indicated by red arrows in Figure 11.12 (b) correspond to
AlxOs nanoparticles, which originate from the nanoparticles co-deposited in the initial Pt layer. These
particles are well-dispersed and uniformly distributed, remaining localized in the outermost region of
the coating. This distribution confirms the inward growth direction of the aluminide layer during the

slurry process, since nanoparticles act as inert markers. Their positioning near the surface is critical,
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as they are expected to act as epitaxial nucleation sites for the growth of the thermodynamically stable
a-Al:Os scale during high-temperature oxidation.

It is worth noticing that nanoparticles are predominantly located at grain boundaries, and the grain
size of the Pt-aluminide nanocomposite, particularly in the {-PtAl. phase, appears to be slightly
reduced compared to the standard aluminide, as detailed in Table 11.1. This grain size refinement can
be attributed to the Zener pinning mechanism, by which dispersed nanoparticles inhibit grain
boundary motion, thereby refining the grain structure [294]. This is significant because, during high-
temperature oxidation, elemental diffusion along grain boundaries is much faster than through the
lattice. Therefore, fine-grained structures can enhance the effective diffusivity of species. According
to Wagner’s theory, the minimum Al concentration required for the formation of an external
protective a-AlO; scale decreases as Al diffusivity increases, which, in turn, improves as grain size
is reduced [295]. As such, the refined grain structure of the nanocomposite Pt-aluminide is expected
to have a beneficial impact on oxidation resistance. Similar results about grain refinement in
aluminide coatings after A1203 co-deposition were reported in [147].
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Figure 11.12: High magnification SEM micrographs of the outer region of the nanocomposite coating (a) and detail of the dual-
phase region showing nano-Al2O3 located at grain boundaries (pointed by red arrows) (b).

C-PtAL B-(Ni,Pt)Al

grain size (um) grain size (um)
Pt-aluminide 2.57+0.25 1.34+0.13
Nanocomposite ) 5, 15 LI1£0.11

Pt-aluminide
Table 11.1: Grain size of {-PtAl> and B-(Ni,Pt)Al phases in the outer region of standard and nanocomposite Pt-aluminides.

EDS compositional curves reported in Figure 11.1 demonstrate nearly identical elemental
composition of standard and nanocomposite Pt aluminides, which show relative amounts of Ni and

Al that correspond to beta phase throughout coating thickness.
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Figure 11.13: EDS compositional curves of Al, Ni and Pt as a function of the distance from the external surface for standard and
nanocomposite Pt-aluminides.

Similarly, the XRD spectra of both standard and nanocomposite coatings appear nearly identical. For
this reason, only the spectrum of the nanocomposite coating is shown in Figure 11.14 (a) as a
representative example. The diffraction pattern confirms the presence of PtAl> and NiAl phases only,
with the addition of a minor AlsCr peak, which is attributed to residual slurry material. As already
noted in previous chapters, the B-NiAl phase occurs in the form of (Ni,Pt)Al, as evidenced by
systematic left-shifts in the diffraction peaks compared to stoichiometric B-NiAl. These shifts reflect
lattice distortion resulting from the substitutional incorporation of Pt atoms at Ni lattice sites.
Similarly, the PtAl. peaks also deviate from their nominal positions, which can be explained by the
presence of Ni and Cr in solid solution within the PtAl. structure (Figure 11.14 (b)).
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Figure 11.14: XRD spectrum of the nanocomposite Pt-aluminide (a) and detail of the diffractograms highlighting NiAl and PtAlz
peak shifting.

11.3 Oxidation resistance
Preliminary accelerated oxidation tests were carried out at 1100 °C for 500 h. The corresponding
weight gain curves are shown in Figure 11.15, where both the standard and nanocomposite coatings
exhibit similar overall oxidation kinetics. During the transient stage (first ~30 h), the nanocomposite
shows a lower weight gain, after which its oxidation rate converges with that of the standard coating.

This behavior suggests a faster transformation from the metastable 6-Al:Os to the stable a-AlOs
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phase in the nanocomposite coating. To quantitatively compare oxidation behavior, the experimental
data were fitted using the Monceau parabolic model (dashed lines in Figure 11.15) [53], and the
corresponding parabolic rate constants (k,) are summarized in Table 11.2. The results confirm the
comparable oxidation kinetics for both coatings, with the nanocomposite displaying a slightly lower
k,, indicating a marginally enhanced oxidation resistance. The high correlation coefficients (Rcorr >

0.98) confirm the robustness of the model fit.
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Figure 11.15: Weight gain curves up to 500 h of oxidation at 1100°C for standard Pt-aluminides and Pt-aluminide nanocomposites
(curve fitting according to Monceau’s model is reported in dashed-lines).

kp (mg?/cm*/h) Reorr

Pt-aluminide 9.635- 10'4 0.981
Pt-aluminide -

Y 772810 0.997

nanocomposite
Table 11.2: Parabolic constants calculated according to Monceau's model for Pt-aluminides and Pt-aluminide nanocomposites
thickness and correlation coefficient of data fitting.

Two mechanisms can be taken into account to understand the oxidation resistance of the
nanocomposite. First, the co-deposited Al-Os nanoparticles retard grain growth in the aluminide
during the manufacturing process, resulting in a finer-grained microstructure. Finer grains enhance
Al diffusion to the surface, promoting faster formation of the protective a-Al.Os layer and reducing
the growth rate of the oxide scale [147]. Second, during the early stages of oxidation, Al>Os transitions
through several metastable polymorphs (e.g. 0-Al:Os) before forming stable a-AlLOs: in the
nanocomposite coating, this transformation occurs more rapidly, likely due to epitaxial nucleation
promoted by the Al2Os nanoparticles, which act as templates for a-Al-Os crystallization. Analogous
behavior has been reported for other oxides such as Cr203 [296], Fe20s [297], and La20s [143], owing
to their crystallographic similarity with a-AlOs.

However, it should be noted that the accelerated nature of the test performed at extremely high
temperature complicates definitive identification of the nanoparticle-specific mechanisms. Additional
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tests at lower temperatures will be required to fully elucidate their role in long-term oxidation
resistance.

Figure 11.16 shows SEM micrographs of the oxide-metal interface after 500 h at 1100 °C. In the
standard Pt-aluminide (Figure 11.16 (a)), localized y'-NizAl precipitates form beneath the oxide scale
and at grain boundaries, indicating Al depletion due to oxidation. In addition, interfacial voids at the
oxide/metal interface can be observed, which are attributed to the Kirkendall effect, where differential
diffusion of Ni and Al leads to vacancy accumulation. Despite void formation, no spallation or abrupt
weight gain were observed in the weight gain curves. In contrast, the nanocomposite coating (Figure
11.16 (b)), do not show any void formation. Despite some y' precipitation at grain boundaries is
evident, the oxide scale remains compact and well-adhered, indicating an enhanced oxidation

resistance.

(b)

| IOﬁm

Figure 11.16: Cross-sectional micrographs after 500 hours of exposure at 1100 °C for standard Pt-aluminides (a) and Pt-aluminide
nanocomposites (b).

The evolution of phase composition during oxidation was investigated by XRD analysis after 100 h
and 500 h, as shown in Figure 11.17. After 100 h, both coatings show dominant B-NiAl peaks with
the initial appearance of Al.Os and TiO.. However, after 500 h, the standard coating exhibits a strong
increase in Al2Os peak intensity and the emergence of sharp NisAl peaks, consistent with SEM
observations of y’ phase formation. In contrast, the nanocomposite coating shows lower NisAl peak
intensity and B-NiAl remains dominant, indicating that more of the protective -phase is retained and
Al depletion is less severe. This behavior supports the hypothesis that the early and efficient 6-to-a
ALOs transformation in nanocomposite coatings helps minimize Al consumption and delays

degradation.
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Figure 11.17: XRD spectra of coatings standard Pt-aluminides (a) and Pt-aluminide nanocomposites (b) after 100 h and 500 h of
exposure at 1100°C.

These findings indicate that Pt-aluminide nanocomposite coatings exhibit promising oxidation
resistance, enabled by nanoparticle-induced grain refinement and accelerated formation of protective

a-Al:Os, making them a strong candidate for high-temperature protective applications.

11.4 Conclusions

This chapter presented the development and characterization of Pt-aluminide nanocomposite coatings
incorporating Al2Os nanoparticles, with the aim of enhancing high-temperature oxidation resistance.
The incorporation of nanoparticles into the electroless-plated Pt layer, followed by diffusion and
slurry aluminizing treatments, resulted in coatings with uniform structure and consistent phase
composition compared to conventional Pt-aluminides. Detailed microstructural analysis
demonstrated that Al.Os nanoparticles remain well-dispersed and localized in the outermost regions
of the final coating, particularly along grain boundaries, which is critical for their function as epitaxial
nucleation sites for a-Al.Os. Their presence also led to a refined grain structure, attributed to Zener
pinning, particularly within the {-PtAl: phase.

Despite their structural similarity, nanocomposite coatings exhibited small but meaningful
advantages in oxidation performance. Accelerated oxidation tests at 1100 °C revealed comparable
overall kinetics between standard and nanocomposite coatings, though the latter showed a slightly
reduced kp and evidence of a faster transformation from metastable Al>O3 phases to stable a-AlOs.
The refined grain size enhanced Al diffusion and likely contributed to the early establishment of a
protective oxide scale, while XRD and SEM analyses confirmed lower Al depletion and reduced void
formation at the oxide-metal interface in the nanocomposites. These outcomes highlight the beneficial
role of nanoparticles in improving both the structural stability and long-term oxidation behavior of

Pt-aluminide coatings.
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Overall, the results demonstrate that Pt-aluminide nanocomposites represent a promising and scalable
advancement in bond coat technology for high-temperature applications, offering enhanced
performance without compromising structural integrity. Future work will focus on validating these
improvements under more moderate oxidation conditions, to fully establish the reinforcing
mechanisms given by Al>O; addition and, in under thermal cycling, to fully assess their long-term
reliability and eventually evaluate the possibility of further enhancement of resistance by a reduction

in CTE mismatch by the introduction of the ceramic phase.
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12. Conclusions

This work presents a comprehensive investigation into the development, characterization, and
optimization of platinum-modified aluminide coatings manufactured via electroless deposition
routes, with the ultimate aim of enhancing their structural uniformity, functional performance, and
high-temperature oxidation resistance. The research also explores innovative strategies to tailor
coating architecture, including the use of a pre-deposited Ni interlayer to control diffusion gradients,
reduce interdiffusion zone thickness, and influence phase formation. In parallel, the feasibility of
introducing Al.Os nanoparticles into the coating via electroless co-deposition is demonstrated,
enabling preliminary development of nanocomposite Pt-aluminide systems for future performance
enhancement.

The first part of the work established a reliable and industrially applicable electroless Pt deposition
process. This method demonstrated several advantages over traditional electrodeposition, including
excellent uniformity on complex geometries, the absence of current density issues, and higher
reproducibility. The resultant Pt layers showed controlled thickness and high purity, providing a
stable foundation for subsequent aluminizing treatments. Notably, the plating process was based on
a newly developed, stable electroless bath formulation, which is not available in existing patents or
literature. This novel chemistry enabled reproducible deposition and is characterized by several
advances compared to commercially available electrolytic solutions and represents a significant
contribution to the advancement of electroless platinum technologies.

The second phase evaluated the performance of electroless Pt coatings in comparison with standard
electrolytic coatings after aluminizing. Despite equivalent phase compositions and morphological
features, electroless coatings exhibited improved homogeneity and slightly slower oxidation kinetics.
These findings validate the electroless method as a technically sound alternative for manufacturing
Pt-aluminide coatings, particularly in industrial contexts where coating uniformity is critical.

In the third part, a detailed optimization of the slurry aluminizing process was conducted to refine
aluminum concentration across coating thickness and improve control over coating composition. By
adjusting slurry loading and concentration, coatings with optimal B-NiAl phase content across the
entire coating thickness was achieved. The optimized slurry method was validated for the
manufacturing of Pt aluminides, and the effect of initial Pt layer thickness was also studied, revealing
its influence on (-PtAl. formation and long-term oxidation behavior. These insights enabled the
definition of optimized process parameters that balance performance with cost-effectiveness.
Building upon this foundation, the fourth part introduced an electroless-deposited nickel interlayer to

further tailor diffusion dynamics. This modification proved effective in minimizing PtAl. content,
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reducing IDZ thickness, and limiting substrate degradation via suppression of TCP phase formation.
Among all studied configurations, coatings with a 10 um Ni interlayer provided the best compromise
between oxidation resistance, mechanical stability, and structural uniformity.

The final phase of the thesis focused on a novel nanocomposite approach, incorporating Al.Os
nanoparticles into the electroless Pt layer. The co-deposition of these particles was successfully
achieved, with optimal distribution and minimal agglomeration at 0.5 g/L concentration. After
aluminizing, the nanoparticles remained localized in the outer coating region, which is critical for
their role in promoting early transformation of metastable alumina to the protective a-Al.Os phase.
The nanocomposite coatings exhibited refined grain structure, reduced interfacial voids, and slightly
improved oxidation resistance at 1100 °C.

In summary, the research demonstrates that electroless processing not only enables precise control
over Pt distribution, but also opens up new pathways for advanced bond coat architectures. The
findings support the feasibility of industrial-scale implementation of electroless Pt-aluminides and
lay the groundwork for future enhancements through additional modifications and nanocomposite
formation. Further studies, particularly under thermal cycling, are recommended to fully assess the

long-term durability and industrial applicability of the approach.
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